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The origin and stability of nanostructural hierarchy in
crystalline solids
S. Meher1*, L. K. Aagesen2*, M. C. Carroll3, T. M. Pollock4, L. J. Carroll1†

The structural hierarchy exhibited by materials on more than one length scale can play a major part in determining
bulk material properties. Understanding the hierarchical structure can lead to new materials with physical properties
tailored for specific applications. We have used a combined experimental and phase-field modeling approach to ex-
plore such a hierarchical structure at nanoscale for enhanced coarsening resistance of ordered g′ precipitates in an
experimental, multicomponent, high-refractory nickel-base superalloy. The hierarchical microstructure formed exper-
imentally in this alloy is composed of a g matrix with g′ precipitates that contain embedded, spherical g precipitates,
which do not directionally coarsen during high-temperature annealing but do delay coarsening of the larger g′ pre-
cipitates. Chemical mapping via atom probe tomography suggests that the supersaturation of Co, Ru, and Re in the g′
phase is the driving force for the phase separation, leading to the formation of this hierarchical microstructure. Repre-
sentative phase-field modeling highlights the importance of larger g′ precipitates to promote stability of the em-
bedded g phase and to delay coarsening of the encompassing g′ precipitates. Our results suggest that the
hierarchical material design has the potential to influence the high-temperature stability of precipitate strengthened
metallic materials.
INTRODUCTION
Hierarchical microstructures, defined as having key features spanning
from the nanoscale to the microscale, have recently been of interest for
improved high-temperature creep resistance in Fe-base (1, 2), Ti-base
(3), and Ni-base alloys (4). The characterization of these hierarchical
structures, created by phase transformations, is essential for establishing
a fundamental understanding of their stability. Long-termmorphological
stability of the ordered g′ phase, which provides potent high-temperature
strengthening in aluminum-rich nickel-base superalloys (5), would be
highly beneficial for structural materials requiring high temperatures
and long design lifetimes. Specific needs would include emerging fossil
and solar energy applications (6, 7).

The g′ precipitates in nickel-base alloys naturally coarsen at elevated
temperatures, eventually degrading the optimized mechanical proper-
ties (5, 8). A typical g-g′ microstructure consists of ordered g′ precipi-
tates in a continuous, disordered g matrix. Variations in this structure
are occasionally observed, however, such as an inverted microstructure
inwhich g precipitates reside in a continuous g′phase (9–12) aswell as a
hierarchical microstructure consisting of a gmatrix with g′ precipitates
embedded with still finer-scale g particles (4, 13–15), as shown in Fig. 1.

For hierarchical microstructures, delayed coarsening of the encom-
passing g′ precipitates has been reported during the time in which the
embedded nanoscale g precipitates enlarge (4, 13). In these relatively
high latticemisfit hierarchical superalloys, the tiny g precipitates coarsen
into raft-like structures that eventually reach the edges of the encom-
passing g′ precipitates and subdivide the larger cuboidal g′ precipitates
(4, 14, 15). This chemical phase separation of the individual larger-sized
g′ precipitates ultimately results in the splitting of g′ precipitates with
continued high-temperature exposure. This subdivision initially inhi-
bits the overall coarsening of g′ precipitates but is short lived as classical
coarsening resumes once the embedded nanoscale g precipitates are no
longer present (4). Elemental diffusion from the g′-embedded g preci-
pitates to the continuous gmatrix maintains the equilibrium g volume
fraction. This effect in Ni-Al-Ti alloys has been rationalized on the basis
of an abnormal g′ solvus line leading to off-stoichiometric g′ phase com-
positions during thermal treatment where g precipitate nucleation occurs
within the well-formed supersaturated g′ precipitates (13).

Kineticmodeling of the evolution of these atypicalmicrostructures is
limited. Phase-field modeling (16–18) of an inverse Ni-base superalloy,
where g precipitates reside in a continuous g′matrix phase, is consistent
with experimental observations (10, 11) of classical coarsening of the g
precipitates. There is no similar published work, however, regarding a
hierarchically structured g-g′ alloy.

Of particular interest is finding a chemical and thermal pathway for
enhancing resistance to coarsening and subsequently improving high-
temperature alloy stability. This is potentially achievable by delaying
the coarsening process of the large (micrometer-scale) g′ precipitates
through both stabilization and inhibition of coalescence of the em-
bedded nanoscale g precipitates. Here, the stability of a hierarchal
Fig. 1. A schematic of an inverted and a hierarchical microstructure observed
in Ni-base superalloys. The violet and gray regions represent the g and g′ phase,
respectively.
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microstructure is considered for an experimental g-g′nickel alloywith a
low magnitude of g-g′ lattice mismatch. Atom probe tomography
(APT) is used to identify the solute species responsible for the super-
saturation of g′ precipitates that subsequently drives the formation of
the hierarchical microstructure in a multicomponent nickel alloy. The
main objective is to explore the chemical and microstructural factors
contributing to the stability of a hierarchical g-g′ microstructure.
RESULTS
Initial microstructure at 800°C
The as-cast samples of a Ni-13.6Al-7.6Co-3.0Ta-1.5W-5.9Ru-1.3Re
[atomic% (at%)] experimental alloy (designated alloy F-11) were homog-
enized at 1285°C for 12 hours and then air-cooled. Nickel-base superalloys
solidify dendritically with the dendritic regions solidifying first while re-
jecting solute into the interdendritic region and resulting in elemental
segregation between the two regions (5, 19, 20). Low-magnification
images capturing both the dendritic and interdendritic regions in F-11
are shown in fig. S1. The air-cooled samples were isothermally annealed
at 800°C, which produced different microstructures in the dendritic and
interdendritic regions. Figure 2A is a bright-field transmission electron
microscopy (TEM)micrograph from the interdendritic region after iso-
thermally annealing for 1500hours that shows amonomodal distribution
of g precipitates, with approximately 20 to 25% volume fraction and an
average radius of 10 nm, within a g′ matrix. Selected area diffraction
patterns of this area in the [001] zone axis revealed the principal spots
of the face-centered cubic crystal structure, along with superlattice spots
corresponding to the g′matrix. Since diffraction information solely from
g precipitates is not possible fromTEM, a typical g + g′diffractionpattern
along the [001] zone axis with no other additional spots is consistent with
the presence of these two phases.
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A dark-field TEM micrograph from the dendritic region after an-
nealing for 25 hours is shown in Fig. 2B and reveals a different micro-
structure, in which nanoscale g precipitates are observed within
secondary g′ precipitates that are 100 to 150 nm in radius within a con-
tinuous gmatrix. The embedded nanoscale phase is g, based on the sim-
ilarity of the g and g′ phase compositions in the dendritic and
interdendritic regions (table S1) along with the elemental partitioning
between the embedded precipitate and the encompassing g′ precipitate
(also evident from table S1). These embedded nanoscale g precipitates
were not observed in the microstructure following air cooling from so-
lution; instead, their presence is first noted following annealing at 800°C.
Fine g′ precipitates, identified on the basis of composition from APT
partitioning data, in the g matrix channels were also present following
homogenization and air cooling. In an effort to understand the evolution
of the hierarchicalmicrostructure, the dendritic regionwill be the focus of
this study. For comparison, the microstructure within the dendritic
region after annealing at 1000°C for 500 hours is shown in a dark-field
TEMmicrograph in Fig. 2C.A g′precipitate several hundrednanometers
in diameter is surrounded by a continuous gmatrix and does not exhibit
the presence of embedded g precipitates.

The APT-determined local compositions within the dendritic and
interdendritic regions of experimental alloy F-11 after isothermal an-
nealing at 800°C for 1500 hours are included in table S1. To represent
alloy F-11 via simulation, Fig. 2 (D and E) shows Thermo-Calc plots of
the equilibrium g′ volume fraction as a function of temperature, indi-
cating a decrease in volume fraction at temperatures below 840°C.
While it is challenging to create a phase diagram for more complex
multicomponent systems, in this case, a decreasing g′ volume fraction
trend with temperature results in interesting phase decomposition pro-
cesses, as previously reported for simpler Ni-base alloys (13). Figure 2E
predicts an approximately 4% decrease in g′ volume fraction at 800°C
Fig. 2. TEM identifies an inverted and a hierarchical microstructure observed in Ni-base superalloys. (A) Bright-field TEM micrograph showing the homogeneous
distribution of g precipitates in a continuous g′ matrix in the interdendritic region after annealing at 800°C for 1500 hours. A diffraction pattern along the [001] zone axis is
consistent with that of a typical g + g′ diffraction pattern and does not contain additional spots, again consistent with the g and g′ phases. (B) A dark-field TEMmicrograph from
an areawithin the dendritic region showing thepresence of fine, embedded g precipitates (darker region)within the secondary g′precipitates after annealing at 800°C for 25 hours
and (C) a dark-field TEMmicrograph of a secondary g′ precipitate, with no evidence of g′ phase separation, in a gmatrix after annealing at 1000°C for 500 hours. Thermo-Calc plots
of the volume fraction of g′ precipitates as a function of temperature for an alloy composition matching that in the (D) dendritic and (E) interdendritic regions.
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from the peak and an equilibrium volume fraction of g precipitates in
the interdendritic region of 20%, which is consistent with experimental
observations. The TEM results suggest that the simulated plots in Fig. 2
(D and E) may slightly underestimate the absolute g′ volume fraction
compared to that observed experimentally. Currently, there is no set of
direct experimental results to validate the simulated decrease in g′ vol-
ume fraction with temperature.

Evolution of hierarchical microstructure
Figure 3A shows the size evolution of the nanoscale g precipitates em-
bedded in g′ precipitates during isothermal annealing at 800°C. The g′
precipitate radius is approximately 100 nm after air cooling from the
solution temperature, and the equilibrium g′ volume fraction,
determined from a specimen exposed to an extended anneal, is approx-
imately 60%. The precipitates are initially irregular in shape, evolving
during annealing into a more regular morphology. Despite this, they
coarsen to a shape that is neither fully spherical nor cuboidal and con-
tinue to exhibit no spatial correlation, thus signifying a low g-g′ lattice
mismatch magnitude at 800°C. Simultaneous with volumetric
coarsening, the g precipitates undergo continuous dissolution and are
no longer present within the g′ precipitates after 500 hours. The evolu-
tion of embedded g precipitate radius size and volume fraction has
not been quantified. While it is expected that the secondary g′ pre-
cipitates should follow the Lifshitz-Slyozov-Wagner (LSW) coarsening
after 500 hours of annealing, the coarsening rate was found to be much
slower, as shown in fig. S2. The tertiary g′ precipitates, present as fine,
nanoscale precipitates in the matrix channels, selectively coarsen and
then dissolve in the wide and narrow channels, respectively, during
annealing at 800°C for 1500 hours, ultimately resulting in a unimodal
precipitate distribution as shown in fig. S3.

For comparison, Fig. 3B shows the temporal evolution in the same
alloy at 1000°C, in which there exists a more typical, bimodal g-g′ mi-
crostructure and no evidence of a hierarchical structure. The radius size
evolution and coarsening kinetics of the secondary g′ precipitates at
1000°C are provided in fig. S4. Figure 3C is a plot of themean secondary
g′ radius as a function of annealing time that enables a comparison of
the evolution of the average g′ precipitate radius at 800° and 1000°C.
While the secondary g′ precipitates follow classical LSW coarsening
at 1000°C, exposures at 800°C result in these precipitates initially under-
going a decrease in radius size as the coarsening is delayed until approx-
imately 500 hours. By 500 hours, complete dissolution of embedded g
precipitates has occurred, as shown in Fig. 3A, and coarsening resumes
such that the g′ precipitate radius steadily increases in size. The tertiary
g′ precipitates present in the matrix channels also coarsen at 1000°C
until a unimodal precipitate distribution exists at 1000 hours. While
the hierarchical microstructure definitely delays the coarsening process
possibly up to 500 hours; ideally, this structure should not contribute
to the presently observed reduced coarsening rate of secondary g′
precipitates after 500 hours (fig. S2). In addition, it is unknown whether
selective coarsening and dissolution of tertiary precipitates (fig. S3) can
affect the observed reduced coarsening rate of secondary g′ precipitates
after 500 hours of annealing.

The compositions of the g′ precipitates in the air-cooled condition
and following isothermal annealing at 800°C are quantified in table S2.
All the samples in this study were air-cooled from the homogenization
temperature. The amount of g-forming elements, Ru, Co, and Re, in the
g′ phase is higher in the air-cooled condition compared with those after
annealing at 800°C. This supersaturation of the g′ phase with g-forming
solutes is consistent with the decrease in the equilibrium volume fraction
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
Fig. 3. Comparative temporal evolution of secondary g′precipitates in hierarchi-
cal and regular microstruture in Ni-base superalloy. (A) TEMmicrographs show the
evolution of nanoscale g precipitates embedded in g′ precipitates following isothermal
annealing at 800°C. (B) Scanning electronmicroscopy (SEM)micrographs show the evo-
lution of g′ precipitates embedded in a g matrix following isothermal annealing at
1000°C. (C) Plot showing themean g′ precipitate radius as a function of annealing time
with (800°C) andwithout (1000°C) the presence of embeddednanoscale g precipitates.
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of g′ phase simulated via Thermo-Calc in Fig. 2D. Consequently, the
possibility of a hierarchical metastable equilibrium microstructure
through the nucleation of nanoscale g precipitates arises, as is exper-
imentally observed.

Since multiple g and g′ phase–forming solutes are present in this
alloy, the individual solute behavior responsible for g precipitates nucle-
ating and growing within a g′ precipitate has been further studied by
examining the nanoscale diffusion behavior at an early stage of anneal-
ing. Figure 4A shows a bright-field TEM image of a sample annealed for
1 hour at 800°C. The gray rim surrounding the larger g′ precipitates is
an artifact arising because of under- or overfocusing of the microscope,
such that the embedded g precipitates are visible. This rim is not present
in the APT results. The nanoscale g precipitates, identified as g on the
basis of on the APT solute partitioning trends, have an average radius
of 2 to 3 nm and are mostly located away from the periphery of the g′
precipitate, forming a precipitate-free zone (PFZ) near the interface.
Figure 4B shows an APT reconstruction, after 1 hour at 800°C, in which
the 12 at % Al isosurface reveals g precipitates embedded in a g′ pre-
cipitate with a PFZ width of approximately 15 nm. The cylindrical
region of interest (ROI), 35 nm in length and 20 nm in diameter,
was placed at the interface of a g′ precipitate and the g matrix and
encompassed the entire PFZ. The corresponding one-dimensional
(1D) compositional analysis along the length of the ROI cylinder is
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
shown in Fig. 4 (C and D). Figure 4C includes the compositional
variations of only the fast-diffusing elements, Co, Ru, and Al. The de-
pletion of the g precipitate–forming elements, Ru and Co, in the PFZ
near the g-g′ interface is evident from the proxigram, suggesting that
they are rejected across the interface toward the g matrix. The com-
positional analysis of slow-diffusing elements, Re and W, in Fig. 4D
does not show any apparent depletion or enrichment, which is
consistent with the sluggish diffusivity of these solutes. However,
Ta does show a slight enrichment at the PFZ possibly due to its high-
er diffusivity in Ni as compared with that of Ra and W in Ni. These
elements, therefore, contribute to slowing the coarsening and dissolu-
tion of nanoscale g precipitates.

Phase-field modeling
To study the effect of lattice misfit and initial microstructure at 800°C
on themorphological evolutionof hierarchicalmicrostructures, we have
used phase-field methods to simulate the microstructural evolution. The
complexity of the experimental multicomponent alloy’s free energy
landscape renders it unwieldy to accurately simulate the full seven-
component system. In addition, some physical parameters needed to
parameterize the phase-field model are not known for the experimental
alloy. For these reasons, a simplifiedmodel basedon thewell-characterized
Ni-Al binary system was adopted with physical parameters such as the
Fig. 4. Atomic scale rendition of chemical origin of hierarchical microstructure Ni-base superalloy. (A) Bright-field TEM image after annealing at 800°C for 1 hour that
shows a PFZ within g′ precipitates close to secondary g′-gmatrix interface. (B) Corresponding APT reconstruction, created using 8 at % Ru isosurface (red), showing the PFZ zone
and relevant ROI for chemical analysis. A 1D line profile, corresponding to the ROI in (B), shows the distribution of fast-diffusing (C) and slow-diffusing (D) solutes within the PFZ.
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diffusion coefficient and interfacial energymodified for the F-11 alloy (see
Materials and Methods for details).

The initial simulation condition consists of a single g′ precipitate of
100 nm in diameter with composition Ni-22.7 Al (at %) in a matrix of
Ni-13 Al (at %) and is shown in Fig. 5A. The g′ precipitate contains a
10% volume fraction of g precipitates inside a 15-nm PFZ. Since the
experimental misfit values have not been determined, Fig. 5 (B to D)
shows the simulation results for the g-g′microstructure after 2500hours
at 800°C for various magnitudes of lattice misfit. For all investigated
lattice misfits, the g precipitates embedded inside the single encompass-
ing g′ precipitate maintain a spherical shape while coarsening. The
variations in magnitude of the lattice misfit have minimal influence
on the embedded precipitate evolution. At 2500 hours, the volume frac-
tion of embedded g precipitates within the g′ precipitate decreases to
approximately 7.5%. As shown in Fig. 6 (A and B), the volume fraction
of the embedded g precipitates decreases with time, following a short
period of increase during equilibration of the initial simulated
conditions. The decrease in the embedded g precipitate volume fraction
occurs because of the diffusion of g-forming Ni from the embedded g
precipitates to the g′ matrix, effectively transporting the g phase from
inside the g′ particles to the gmatrix and causing the g′ phase to shrink.
This process is driven by the reduction of interfacial energy. At the same
time, coarsening occurs for the embedded g precipitates, causing the re-
maining precipitates located near the center of the precipitate to increase
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
in size (Fig. 5, B to D). Because the volume fraction of embedded g pre-
cipitates is not conserved, the LSW assumptions for coarsening are not
met, so it is not expected that the average embedded precipitate radius
increases with t1/3.

The simulations indicate that an appreciable amount of time is re-
quired to dissolve most of the g precipitates inside a single g′ precipitate
with an initial diameter of 100 and 200 nm, shown in Fig. 6 (A and B,
respectively). The complete dissolution of the g precipitates in a 100-nm
precipitate occurs in nearly 2 × 104 hours, while the dissolution process
in the larger precipitate is substantially slower. In contrast to the lattice
misfit, the initial g′ precipitate radius has a substantial influence on the
stability of the g precipitates. An order of magnitude estimate for the
time required for a diffusion-limited process to take place can be ob-
tained using t = x2/D, where x is the distance over which diffusion
occurs. Assume that for the dissolution of the embedded g precipitates,
t is the time required for the embedded g precipitates to dissolve,D is the
diffusivity, (or in this case, 7.3 × 10−23 m2/s), and x is equal to the g′
particle radius. As an estimate, the D value used is from the coarsening
kinetics of the inverted microstructure of the interdendritic region, al-
though it is recognized that this value will differ because of the differing
compositions. The details of the coarsening of g precipitates in a g′
matrix in the interdendritic region during isothermal annealing at
800°C has been presented in the Supplementary Materials and fig. S7.
Using this assumption, for the 100-nm g′ particle, t = 9.5 × 103 hours, a
Fig. 5. The evolution of hierarchical microstructure, as determined by phase-field modeling, in Ni-base superalloy with variation in g/g′ lattice misfit. (A) Initial
condition for phase-field modeling of a 100-nm-diameter g′ precipitate with 10% of embedded g precipitates at 800°C. The microstructural evolution during isothermal
annealing at 800°C for 2500 hours for a given lattice misfit, 0.1% (B), 0.25% (C), and 0.4% (D).
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factor of approximately 2 lower than the value of 2 × 104 hours pre-
dicted by phase-field simulation for the time required for all the em-
bedded g precipitates to dissolve. For the 200-nm g′ particle, t = 3.8 ×
104 hours, in which case the simulations predict that the embedded g
particles are still present for t > 6 × 104 hours. Thus, t = x2/D gives a
lower bound for the time required for the embedded g particles to dis-
solve. Since t increases in proportion to x2, increasing the g′ particle size
greatly increases the time required for the embedded g particles to dis-
solve and, therefore, contributes to the microstructural stability of the
g′ particles.

Plots resulting from the phase-field modeling in Fig. 6 (C and D)
show the change of area (A) of the encompassing secondary g′ precip-
itate relative to the initial area (A0) for 100- and 200-nm-diameter par-
ticles, respectively, during coarsening at 800°C. The simulation results
show that there is a decrease in the area of the secondary g′ precipitate
that is not accompanied by a change in shape, indicating at least an
initial period of shrinkage of g′ precipitate size due to a decrease in
the volume fraction. The modeled decrease in precipitate size during
coarsening is consistent with the experimental observations at 800°C
for annealing times as long as 200 hours, as is shown graphically in
Fig. 3C.
DISCUSSION
The specific combination of composition and processing resulted in
atypicalmicrostructures in both the interdendritic and dendritic regions
of the investigated experimental alloy. The cooling rate created a meta-
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
stable microstructure that had not yet reached equilibrium during iso-
thermal annealing at 800°C and was able to more quickly reach
equilibrium at 1000°C. Previous work on simpler Ni-Al and Ni-Al-Ti
alloys found that Ni, the only g-forming solute in these alloys, was re-
sponsible for the g′ phase splitting (4, 11, 13). For the more composi-
tionally complex alloy investigated here, the APT-quantified relative
composition change between the homogenized condition and after an-
nealing at 800°C suggests that the g-forming elements Ru, Co, and Re
are responsible for the nucleation of embedded g precipitates and for the
formation of a hierarchical microstructure.

The idea that alloy composition, specifically Ru, Co, and Re,
contributes to the development of hierarchical microstructures sug-
gests that there may be a wider set of elements capable of promoting
this type of microstructure. Recent work has found that the combina-
tion of strong g′ partitioning and low interdiffusion rates stemming
from additions of Pt to a nickel superalloy result in a substantially re-
duced precipitate coarsening rate and improved higher-temperature
stability (21). The current study in combination with that of Van
Sluytman et al. (21) suggests that the coarsening resistance of hierar-
chical microstructuresmay also benefit fromPt additions to their base
compositions, further improving not only the long-term stability but
also the temperature capability. The phase-field modeling of the hier-
archical microstructure used the effectiveD value, as determined from
coarsening kinetics of g precipitates in the interdendritic region and
presented in table S3, and showed the stability of g precipitates for
times up to 24,000 hours. The observed complete dissolution of g pre-
cipitates inside g′ precipitates within 500 hours of annealing at 800°C
Fig. 6. The long-term stability of hierarchical microstructure as determined by phase-field modeling. Phase-field modeling results showing the reduction in
volume fraction of g precipitates within a g′ precipitate with an initial diameter of (A) 100 nm and (B) 200 nm and the change of area (A) of the encompassing secondary
g′ precipitate relative to the initial area (A0) for (C) 100-nm- and (D) 200-nm-diameter particles during coarsening at 800°C.
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is indicative of a higher effective diffusivity in the dendritic region than
was estimated.

The directional alignment of the nanoscale g precipitates in hier-
archical microstructures has been previously observed (4, 13). There,
the aligned nanoscale g precipitates coalesced into rafts and split the g′
precipitates. In contrast, in the present work, the spherical morphol-
ogy of the nanoscale g precipitates persisted, as observed experimen-
tally and predicted by phase-field modeling, and rafting and splitting
of the g′ precipitates did not occur. This was initially somewhat un-
expected but may be reasonably explained. For materials with cubic
symmetry, the morphology of a particle is a function of the dimen-
sionless parameter L =C44(D*)

2l/s, where C44 is an element of the elas-
tic stiffness tensor, D* is themisfit strain,s is the interfacial energy, and
l is the characteristic size of the particle (22). For a spherical parti-
cle, l is equal to the particle radius. The parameter L is the ratio of char-
acteristic elastic to interfacial energies. When L < 1, the characteristic
elastic energy is small relative to the characteristic interfacial energy,
and the morphology is dominated by interfacial energy, resulting in
spherical morphologies (circular in 2D). In the present work, the em-
bedded g particles are quite small, less than 15 nm in radius in exper-
imental observation, and possibly slightly larger at the very late stages
of simulation. For a 15-nm-radius particle, even for the largest misfit
strain considered here (D* = 0.4%), L = 0.52 and results in a spherical
morphology. The spherical shape results in a substantial reduction in
magnitude of the stress fields that would otherwise lead to particle
alignment, accounting for the lack of directional alignment in the
present system. This is in contrast to previously conducted work
(16) where elongated, aligned precipitates were observed, which rea-
sonably results from the fact that the g-g′ interfacial energy in binary
Ni-Al alloys ismuch smaller [10mJ/m2 (23)] than the calculated value
for the present system (46.8mJ/m2). This leads to L = 2.4 for a particle
of an equivalent characteristic size of 15 nm and results in the elastic
energy dominating the morphology. In high-misfit superalloys, elon-
gation and directional alignment are expected for large L and is thus
a function of elastic constants, interfacial energy, and characteristic
particle size. It should be noted that the phase-field model shows the
expected elongated shape for g′ particles in a g matrix when the in-
terfacial energy is that of the Ni-Al binary system, 10 mJ/m2, with a
misfit strain of 0.327%. In these 2D simulations, the transition be-
tween cuboidal and elongatedmorphology happens at an L of greater
than 5, which is in agreement with the value of 5.6 found by Su and
Voorhees (22).

The solute supersaturation-induced phase separation distributes
the equilibrium volume fraction of the g phase in two morphological
variants in the hierarchical microstructure: nanoscale precipitates
present within the larger g′ precipitates and as a continuous matrix.
As the g′ phase precipitated during air cooling following homogeni-
zation, limited diffusion occurs, and equilibrium is not yet reached;
subsequent time at 800°C enables additional diffusion and allows
the microstructure to evolve. It is evident from table S2 that larger
amounts of the g-forming elements, Co, Ru, and Re, are initially pres-
ent in the g′ precipitates, from diffusion processes leading to the for-
mation of embedded nanoscale g precipitates. While the equilibrium
compositions are expected to be the same, the free energy of the nano-
scale g precipitates is expected to be higher because of their high
radius of curvature (24). Continued thermal exposure drives to lower
the free energy by eliminating the high-curvature, g precipitate–g′ pre-
cipitate interfaces, leading to the dissolution of the g precipitates. In-
terparticle coarsening and coalescence of g precipitates may also be
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
occurring simultaneously, which affects the microstructure but does
not result in a changing volume fraction.

Ultimately, determining mechanisms with a higher propensity for
retaining the metastable nanoscale precipitates would be ideal, as the
presence of this nanoscale distribution has been found not only to
strengthen the g′ phase (4, 25, 26) but also to inhibit the coarsening
of the secondary precipitates, as is observed here and in other pub-
lished work (4, 13). The present study provides suggestions for manip-
ulation of the metastable hierarchical microstructure through the
interfacial energy, solute diffusivity, g′ precipitate size, and super-
saturation of specific g former solute to enhance its stability.

In the case of the interfacial energy, one method to improve sta-
bility is through a reduction in the g-g′ interfacial energy and, ulti-
mately, the coarsening coefficient. The interfacial energy of the
experimental alloy was estimated to be 47 mJ/m2, but there is evidence
of interfacial energies as low as 3 to 5 mJ/m2 in g-g′ Ni-base alloys
(27). Since the coarsening/dissolution kinetics are nearly proportional
to the interfacial energy, it is expected that the stability of g precipi-
tates can be enhanced to achieve 5 to 10 times longer durations,
provided that optimum elastic strain is maintained to avoid directional
coarsening. The driving force for dissolution of g precipitates based on
their nanoscale size will still exist.

The solute diffusivity can also impart reduced transformation ki-
netics through slower movement of refractory elements, further en-
hancing the stability of the embedded nanoscale precipitates. In
addition, phase-field modeling also identifies the role of the initial
g′ radius size on the stability of this phase-separated microstructure.
This aspect directs the initial thermal treatment to obtain coarser g′
precipitates, after determining the optimum size that avoids degra-
dation of the mechanical properties. Last, there is a role for alloy chem-
istry in influencing the extent of supersaturation; systems with greater
degrees of solute supersaturation will impart a higher driving force for
forming embedded nanoscale g precipitates and delay their eventual dis-
solution when exposed to high temperatures. The low diffusivity of Re in
Ni enables g′ coarsening reduction in temperatures higher than 800°C,
contingent upon the extent of Re supersaturation at that temperature.

Although the microstructures created by phase separation have
promising microstructural stability, there is no known observation
of a hierarchical microstructure inducing delay in coarsening of g′
precipitates in any alloy system at temperatures as high as 1000°C.
For material applications to capitalize on this enhanced stability, the
service temperatures must be conducive to the hierarchical micro-
structure, less than 800°C in the case of the experimental alloy F-11,
in addition to having a proper initial microstructure design with low g
precipitate coarsening. Although hierarchical microstructure has not
been reported in cobalt-based g-g′ alloys, these alloys can potentially
exhibit similar microstructure due to their very similarity with Ni-base
superalloys.

In conclusion, a combined advanced microscopy and phase-field
modeling approach has been used to investigate hierarchical micro-
structures as a precursor for enhanced coarsening resistance of g′ pre-
cipitates in g-g′ nickel-base alloys. The salient findings are identified
below:
1) A hierarchical microstructure consisting of nanoscale g precipitates
embedded in g′ precipitates that reside in a continuous g matrix is
observed in an experimental, refractory-containing g-g′ nickel-base
alloy. The embedded g precipitates remained spherical in nature and
did not exhibit directional coalescence, nor did they subdivide the
larger g′ precipitate.
7 of 10



SC I ENCE ADVANCES | R E S EARCH ART I C L E
2) The supersaturation of Ru, Co, and Re in the g′ phase is responsible
for the nucleation of g precipitates in g′ precipitates and forming a
hierarchical microstructure.

3) Phase-field modeling suggests that optimizing g-g′ hierarchical
microstructures for delaying the coarsening may be achieved by tar-
geting a larger initial g′ precipitate radius.

MATERIALS AND METHODS
Alloy processing and thermal treatments
As-cast material of an experimental, high refractory-containing Ni-base
superalloy, F-11 (28), was obtained from Sophisticated Alloys Inc.
The bulk composition of the as-cast material was measured by Evans
Analytical Group using inductively coupled plasma spectroscopy as
Ni-13.6Al-7.6Co-1.5W-3Ta-5.9Ru-1.3Re (at %). A homogenization step
was applied at 1285°C for 12 hours, followed by air cooling. Air cooling
resulted in a varying cooling rate that was initially faster and then slower
at lower temperatures. The average cooling rate was approximately
57°C/min between 1285° and 500°C, as shown in fig. S5. The micro-
structure of the homogenized sample is shown in fig. S6. The homogenized
material was then annealed at 700°, 800°, and 1000°C for various times,
ranging from 1 to 3000 hours, and subsequently water-quenched.

Microstructural characterization
SEM was conducted using a Quanta 650 field-emission gun (FEG)
scanning electronmicroscope. Samples for TEMwere prepared by elec-
tropolishing using a solution of 95% methanol and 5% perchloric acid,
operated at −30°C with a voltage of 20 to 34 V and current of 25 to
35 mA. TEManalysis was conducted on an FEI Tecnai F30microscope
operated at 300 kV. The g′ precipitate sizes and their associated volume
fractionwere obtained from analysis of TEMmicrographs using ImageJ
software. For APT, samples were prepared using the focused ion beam
technique on a FEI Quanta 3D FEG dual-beam instrument. Multiple
APT experiments were conducted using a local electrode atom probe
system (LEAP 4000X HR) from Cameca Instruments. All atom probe
experiments were carried out in the voltage evaporationmode at a tem-
perature of 60 K, with an evaporation rate of 0.5%. Subsequent data
analysis was performed using IVAS (IntegratedVisualization andAnal-
ysis Software) 3.6.6 software. Thermodynamicmodelingwas performed
using the CALPHAD (calculation of phase diagrams) (29) method-
based software, Thermo-Calc (30), using the TCNi8 database.

Phase-field model and calculation procedure
Here, the Kim-Kim-Suzuki (KKS) phase-field model with parameters
based on the Ni-Al system was used to simulate microstructural evo-
lution in a binary Ni-25 Al (at %) alloy with microstructures repre-
sentative of those observed experimentally in F-11 (31). Because of
computational limitations, it was not possible to simulate the full
seven-component alloy; however, the physical parameters of the
binary alloy could be varied to gain qualitative understanding of how
physical parameters affected microstructural evolution. In the KKS
model, the microstructure is represented at each position with an order
parameter, h, and solute (Al) composition, c. The order parameter value
h = 0 represents the g phase, and h = 1 represents the g′ phase, with the
interface between phases represented by a continuous variation of h and
c. For simulation of the large, noncoalescing g′ particles found in the
dendritic region, it is not necessary to distinguish between the four pos-
sible types of ordering of the g′ phase relative to the g phase; thus, a
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
single order parameter is sufficient to describe the microstructure.
The total free energy of the system is then given by

F ¼ ∫V ½1� hðhÞ�f gðcgÞ þ hðhÞf g’ðcg’Þ þ wh2ð1� hÞ2 þ k
2
j∇hj2

h i
dV

where fg and f g′ are the free energies of the g and g′ phases, respectively,
cg and cg′ are the phase compositions of the g and g′ phases, h(h) = h3

(6h2 − 15h + 10) is an interpolation function that varies smoothly from
h(0) = 0 to h(1) = 1, w is the free energy barrier coefficient, and k is the
gradient energy coefficient. The physical composition c is a function of
the phase compositions

c ¼ ½1� hðhÞ�cg þ hðhÞcg’

and the chemical potentials (defined with respect to the phase composi-
tions) are constrained to be equal to each other

df g
dcg

¼ df g’
dcg’

The free energy of each phase is the sum of the chemical and elastic
energy contributions

f g ¼ f chemg þ f elg ; f g’ ¼ f chemg’ þ f elg’

The chemical energy of each phase is modeled as a parabolic
function of composition

f chemg ¼ k
2
ðcg � cg;0Þ2; f chemg’ ¼ k

2
ðcg’ � cg’;0Þ2

with minima at the equilibrium compositions cg,0 and cg′;0 for the aging
temperature of 800°C and curvature k set as described in (32). For si-
mulations of the dendritic region, the elastic misfit energy for each
phase is given by

f elg ¼ 1
2
Cg
ijkleijekl

f elg’ ¼
1
2
Cg’
ijklðeij � e*ijÞðekl � e*klÞ

whereCg
ijkl andC

g′
ijkl are the stiffness tensors, Dij is the total strain tensor,

and D*ij is the misfit strain tensor. To model the system’s behavior in
time, the concentration evolves by

∂c
∂t

¼ ∇⋅M∇
∂f
∂c

� �

where M is the mobility and is given by

M ¼ D
f cc

¼ D
k

8 of 10



SC I ENCE ADVANCES | R E S EARCH ART I C L E
using equations 18 and 29 from (31). The order parameter evolves by
the Allen-Cahn equation

∂h
∂t

¼ �L
dF
dh

� �

where L is themobility parameter for the interface. Because elastic dis-
placements are assumed to relax much faster than the time scale for
chemical diffusion, the mechanical equilibrium equation is solved
simultaneously at each time step

∇⋅Tij ¼ ∇⋅ ½1� hðhÞ�Tg
ij þ hðhÞTg’

ij

h i
¼ 0

where Tij is the stress tensor andT
g
ij andT

g′

ij are the stress tensors in the
respective phases. This approach of interpolating elastic energies and
stresses has been described in (33–35). The simulations were conducted
in 2D in plane-strain conditions.

The physical and numerical parameters used in the model are listed
in table S3. In the KKSmodel, the interfacial thickness 2l can be chosen
independently of the interfacial energy s, allowing the use of artificially
large 2l and thereby increasing computational efficiency without
affecting the physics of the simulation. Using the relations

s ¼
ffiffiffiffiffiffi
kw

p

3
ffiffiffi
2

p

l ¼ 2:2
ffiffiffi
2

p

2

ffiffiffiffi
k
w

r

k and w were chosen so that s = 46.8 mJ/m2 as calculated by Thermo-
Calc and 2l = 2 nm.

The governing equations were nondimensionalized using length
scale l* = 1 nm, energy scale E* = 2.0 × 109 J/m3, and time scale t* =
1.26 × 105 s. The nondimensional equations were discretized using the
finite element method, as implemented in the MOOSE (Multiphysics
Object Oriented Simulation Environment) framework (36). Linear
Lagrange quadrilateral elements with a resolution of Dx ¼ 0:5 were
used (where overbars indicate dimensionless quantities). The backward
Euler scheme was used for time integration with adaptive time steps.
The system of equations was solved at each time step using the precon-
ditioned Jacobian-Free Newton-Krylov method.

SUPPLEMENTARY MATERIALS
Supplementary material for this article is available at http://advances.sciencemag.org/cgi/
content/full/4/11/eaao6051/DC1
Fig. S1. A low-magnification SEM micrograph showing dendritic-interdendritic microstructure
in F-11 alloy.
Fig. S2. Coarsening behavior of secondary g′ precipitates in F-11 alloy at 800°C.
Fig. S3. Coarsening behavior of tertiary g′ precipitates in F-11 alloy at 800°C.
Fig. S4. Coarsening kinetics of secondary g′ precipitates in F-11 alloy at 1000°C.
Fig. S5. Air cooling rate curve of F-11 alloy after homogenization at 1285°C for 12 hours.
Fig. S6. A dark-field TEM micrograph of homogenized samples of F-11 alloy shows nucleation
of multiple generation of g′ precipitates and no chemical splitting of secondary g′ precipitates.
Fig. S7. Coarsening kinetics of g precipitates in the g′ matrix in the interdendritic region in F-11
alloy during isothermal annealing at 800°C.
Table S1. Compositions of the g and g′ phases in the interdendritic and dendritic regions after
isothermal annealing at 800°C for 1500 hours.
Meher et al., Sci. Adv. 2018;4 : eaao6051 16 November 2018
Table S2. APT estimated composition of the g′ precipitates in the dendritic region after the
homogenization heat treatment and after annealing at 800°C for various times.
Table S3. Parameters used for phase-field modeling of the hierarchical microstructure.
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