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Abstract: Effect of the residual stress on the recovery and recrystallization behaviors of the cold-
rolled AA3003 aluminum alloy was investigated. The evolution of deformed microstructure and
dislocation density characterized by TEM and Synchrotron X-ray measurements found that the
change in the ratio between low angle grain boundaries (LAGBs) and high angle grain boundaries
(HAGBs) during annealing is varied depending on the initial dislocation density, where the value of
HAGB/LAGBs ratio is amounted to be about 0.8 at maximum. The nucleation and growth rate of the
recrystallized grains are strongly dependent on the net driving pressure associated with dislocation
density increased by the amount of reduction. EBSD analysis revealed that the deformed zone
composed of the fine equi-axed grains with large misorientation angles would be formed in the
vicinity of the constituent particles, which is consistent with the region of the large residual stress
and total displacement predicted by Eshelby inhomogeneity problem under cold rolling condition.

Keywords: recrystallization; plastic deformation; dislocations; inhomogeneity problem; residual
stress

1. Introduction

The optimum microstructure and mechanical properties of commercial AA3003 alu-
minum alloy are controlled by consecutive reduction and heat treatment, where concurrent
precipitation would greatly influence the recovery and recrystallization at a certain tem-
perature. It is well known that stored elastic energy by cold working process is the most
important factor in the recrystallization of rolled aluminum alloys [1], however, recrystal-
lization behavior is greatly influenced by concurrently existing particles and precipitates.
Whether concurrent precipitation would occur or not during the homogenization and
subsequent heat treatment, fine secondary particle causes a significant effect on recovery
and recrystallization phenomena. Many researchers proved that promotion or suppression
of concurrent precipitation occurred during annealing when correct homogenization condi-
tions were selected [2]. Therefore, the initial microstructure introduced by homogenization
treatment is an important factor for cold rolling and subsequent annealing treatment, where
the volume fraction, size, shape, and inter-spacing of the particles can be varied to influence
stored energy and recrystallization phenomena [3,4]. In our previous work [5], we reported
the recrystallization of cold-rolled AA3003 aluminum alloy during annealing, where the
change in electric conductivity associated with the concurrent precipitation as well as the
apparent activation energy for recrystallization was discussed. It has been demonstrated
that cold-rolled sheets homogenized by a certain temperature before cold rolling exhibited
a negligible level of concurrent precipitation during annealing. Regarding the effect of
secondary particles on recrystallization, many types of research have been carried out
such as delay of the restoration behavior due to concurrent precipitation [6,7], and the
promotion of recrystallization by particle-stimulated nucleation (PSN) [8,9].
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Humphreys [10] have studied the influence of coarse precipitate on the recrystalliza-
tion behavior of aluminum and its alloys during isothermal annealing, and the deformed
structure around the coarse particles can be classified into two types: the distorted zones
formed perpendicular to rolling direction and rotated zone formed parallel to rolling di-
rection. These deformation zones formed by an accumulation of dislocation around the
coarse particles are particularly important because they provide a PSN effect of recrys-
tallization, which leads to a strong impact on recrystallized grain size and structure [1].
PSN is generally known to occur only in particles larger than about 1 µm in diameter.
Since the probability of PSN is strain dependent, the resultant grain size as well as the
texture orientation is possibly controlled by the distribution and the number of potential
nucleation sites around the particle, in which the higher magnitude of the residual strain
would be expected by the larger secondary particles.

The change of microstructure that occurs during annealing depends on the degree
of the restoration mechanism such as recovery, recrystallization, and grain growth. The
deformation zones formed around coarse primary particles (>1 µm) during plastic de-
formation may accelerate the recrystallization behavior by particle-stimulated nucleation
(PSN) [11]. Whereas, the fine secondary particles suppress both the migration of low-angle
grain boundary (LABG) and high-angle grain boundary (HABG) in Al-Mn-based alloy
(Zener pinning) [12]. More importantly, the recovery and recrystallization kinetics are
significantly retarded by large amounts of Mn supersaturation in Al-Mn-based alloy, which
is commonly referred to as concurrent precipitation [13,14]. Therefore, in order to suppress
the concurrent precipitation, microstructure controlling by homogenization treatment prior
to the cold rolling and subsequent annealing is an important issue in advanced engineering
processing in Al-Mn-based alloy [15,16].

The increase in the dislocation density during the cold rolling has the greatest influence
on the driving force of the recrystallization and the velocity of boundary migration under
subsequent annealing. Although the kinetics of the recrystallization accompanied with the
concurrent precipitation during annealing depend on the activation energy of Mn diffusion
in Al matrix [17,18], detail of the dislocation interaction with the constituent particles is still
unclear, especially, the quantitative/macroscopic model for the evolution of dislocation
microstructure associated with dislocation density during annealing is limited. Recently,
the micromechanics-based analysis of the residual stress around the coarse particles under
cold rolling condition has been proposed by the authors [19].

Therefore, we investigated the effect of the amount of reduction ratio and the subse-
quent annealing treatment on the recrystallization phenomena under the certain volume
fraction of primary particle in AA3003 alloy, where the dislocation density and the misori-
entation of HAGBs and LAGBs were experimentally measured by synchrotron X-ray and
EBSD analysis, respectively. Especially, the restoration of deformed microstructure around
the constituent particles was discussed in terms of the residual stress around the α-Al(Mn,
Fe)Si particle by solving an inhomogeneous inclusion problem under cold rolling condition.

2. Experimental Procedure

The chemical composition of AA3003 aluminum alloy in this study is listed in Table 1.
The initial as-cast alloy (200 mm in length, 80 mm in width, 155 mm in thick) was fabricated
by DC cast. Figure 1 schematically shows the dimension and orientation of DC-cast
(Figure 1a) and cold-rolled (Figure 1c) AA3003 aluminum alloy. With the aim of reduction
of concurrent precipitation during subsequent annealing, the homogenization treatment
(as-homo) was conducted at 580 ◦C for 8 h with a slow heating rate of 50 ◦C/h, and
then immediately quenched into the water at room temperature (R.T). Then the as-homo
specimens were processed by cold-rolling with the amount of reduction, 20% (AM2), 50%
(AM5), and 90% (AM9). In order to analyze the temperature dependency of the effect of
concurrent precipitation on the recrystallization, the cold-rolled sheets were isothermally
annealed at 300, 350, 375, and 400 ◦C for 2 s to 24 h in salt-bath, and then immediately
quenched into the water at R.T.
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Table 1. Chemical composition of commercial AA3003 aluminum alloy used in this study (wt%).

Alloy Mn Cu Fe Si Ti Al

AA3003 1.15 0.16 0.52 0.28 0.01 bal.

Figure 1. (a) Schematic diagram of DC casting direction and dimensions, (b) positions of a sample
taken from the ingots for a test, and (c) dimensions of cold-rolled sheets.

The grain microstructure for the deformed and annealed specimens at the center of
the thickness was characterized by an optical microscope (OM, BX51M, Olympus, Tokyo,
Japan) and a field-emission scanning electron microscopy (FE-SEM, JSM7200F, JEOL Ltd.,
Tokyo, Japan), in which the longitudinal section is composed of the rolling direction (RD)
and the normal direction (ND). The measurement of crystalline orientation and grain
boundary misorientation was conducted by FE-SEM equipped with electron backscatter
diffraction (EBSD, DVC5, EDAX, AMETEK Inc., Berwyn, PA, USA), in which the data
was treated by TSL orientation imaging microscopy (OIM, Analysis8, EDAX, AMETEK
Inc.) analysis software and MTEX toolbox for MATLAB (R2019a) [20]. The misorientation
of grain boundaries of less than 2 degrees was neglected due to significant orientation
noise in the deformed and annealed specimens. Generally, a low angle grain boundary
(LAGB) is defined as boundaries with misorientation between 2–15 degrees, and boundaries
exceeding 15 degrees are defined as high-angle grain boundary (HAGB) [21]. In order to
examine dislocation microstructure, transmission electron microscopy (TEM) observation
was carried out for as-rolled and annealed specimens with an operating voltage of 300 kV
(JEM-3010, JEOL Ltd.). The preparations of TEM foils were made by twin jet polishing
technique in a 20% HNO3 methanol solution under the condition of about −20 ◦C or less.

Electric conductivity was measured by eddy current inspection (using SIGMA tester),
which is expressed in terms of %IACS (International Annealed Copper Standard). The
microhardness was measured by Vickers hardness tester (MMT-X, Matsuzawa Co. Ltd.,
Akita, Japan) with an interval of 50 µm under a load of 0.98 N for 15 s. The change in
dislocation density was measured and analyzed by synchrotron and conventional XRD.
We utilized the high-intensity X-ray BL02B2 beamline (λ = 0.0516 nm) of the Spring-8
synchrotron radiation facility (JASRI, Hyogo, Japan) for this study. The time resolution
of this experiment was 10 s. The conventional XRD measurement was carried out by
convergent beam method with Cu-Kα (λ = 0.1540 nm) radiation (RINT-2100, Rigaku Co.
Ltd., Tokyo, Japan).

The residual stress field in/outside the precipitate embedded in the aluminum matrix
was computed by analytical solutions of the Eshelby tensor [19,22–24], where the PSN effect
on the deformation zone around the spherical inhomogeneity is assumed by mismatch
of plastic strain between the α-Al(Mn, Fe)Si particle and Al matrix. The elastic properties
used for the matrix and precipitate are given in Table 2. The displacement and von Mises
equivalent stress field around the α-Al(Mn, Fe)Si precipitate are represented as density
plots using MATLAB.
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Table 2. Young’s modulus and Poisson ratio for aluminum matrix and α-Al(Mn, Fe)Si precipitate.
The subscripts m and p indicate matrix phase and precipitate.

Constant Value Source

Em 69 GPa
[25]vm 0.33

Ep 175 GPa [26]
vp 0.28 assumed

3. Results
3.1. Microstructure of Homogenized Specimen

The typical microstructure and distribution of primary and secondary particles in the
as-homo specimen are shown in Figure 2. The as-homo specimen shows characteristic
equiaxed grain microstructure with average grain size of 160 µm (Figure 2a). In order to
distinguish the primary particle Al6(MnFe) and α-Al(Mn, Fe)Si, the backscattered electron
image is presented in Figure 2b. A large quantity of primary particles with rod-like, plate-
like, and network eutectic shape are distributed in the grain boundaries and inside the inter-
dendritic area (Figure 2a,b), where primary particles consist of α-Al(Mn, Fe)Si phases and
less amount of Al6(Mn, Fe) phases with an average size of 2.5 µm. The Al6(Mn, Fe) phase
was transformed to a large number of α-Al(Mn, Fe)Si phase, which can be clearly identified
in the backscattered electron image (BEI) of the as-cast specimen and the homogenized
specimens (Figure 2b), where the α-Al(Mn, Fe)Si phase exhibits brighter contrast than
the Al6(Mn, Fe) phase. A large number of fine secondary particles were homogeneously
formed in the Al matrix due to the effect of the homogenization treatment. It is noted
that dislocation networks were frequently observed around the smaller precipitate with
a diameter of 459 nm at the interior of the grain, which is enclosed by the dislocation
walls (Figure 2c). The quantitative values of grain size, primary particle size, and electric
conductivity are listed in Table 3. Since the electric conductivity of as-homo specimen was
significantly increased as compared to that of as-cast specimen, the amount of concurrent
precipitation during the recovery and recrystallization stages is potentially reduced by
homogenization treatment.

Figure 2. The typical microstructure of homogenized AA3003 aluminum alloy observed by (a) OM, (b) SEM-BEI, (c) TEM.

Table 3. Change of grain size, primary particle size, and electrical conductivity in the DC cast AA3003
aluminum alloy by homogenization.

Condition Average Grain Size
(µm)

Average Primary
Particle Size (µm)

Electric Conductivity
(%IACS)

As-cast 140 2.8 30
As-homo 160 4.1 43.5
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3.2. Change in Microstructure with Increase of Strain

TEM images of cold-rolled specimens for AM2, AM5, and AM9 are shown in Figure 3.
Relations between specimen orientation and viewing direction are indicated by TD, ND,
and RD. It is apparent that, as the amount of reduction increases from AM2 to AM9,
the cold-rolled specimens show elongated grain microstructure parallel to the RD. As
the rolling reduction increases, the microstructure of the cold-rolled specimens shows
elongated grains with the straight grain boundaries parallel to the rolling direction.

Figure 3. Representative TEM bright images of cold-rolled AA3003 aluminum alloy with different amounts of reduction.
(a,b) 20%, (c,d) 50%, and (e,f) 90%.

The ideal plastic strain of the cold rolling can be expressed by the change in the
thickness of the cold rolled sheet as follows,

εt =
∫ t1

t0

dt
l
= ln

(
t1

t0

)
= ln(1 + εn) (1)

where the logarithmic strain (true strain) is εt, the nominal strain is εn, the reduced thickness
of the cold rolled sheet is t1, and the initial thickness of the sheet is t0.

It is seen from Figure 3a,c,e that thickness of the grains with HAGB and its crystallite
size tend to decrease with increasing strain. The cell and sub-grain formed during the
plastic deformation in AM2 and AM5 specimens are hardly changed (with the lower
strain, εt ≤ 0.69), while the volume fraction of the grains with HAGB is increased in the
AM9 specimen (Figure 3e). This implies that high-angle boundaries are newly developed
by further plastic deformation, which leads to grain fragmentation due to the higher
strain [27]. It is clearly seen from Figure 3b,d,f, which are the higher magnification images
taken from ND; dislocation microstructure is composed of sub-grain boundaries (Figure 3b)
and dislocation cells (Figure 3b,d). On the other hand, the strain contrast of AM9 is difficult
to identify the boundaries clearly, which is due to the dense dislocations introduced by
heavily plastic deformation (Figure 3f).

In literature [28], the cell consists of a wide and diffused boundary containing disloca-
tion tangle, while the sub-boundary is narrow, where the misorientation angle across the
sub-boundary is larger than that across the cell wall. Accounting the bright field images,
distinctive differences in crystal orientations are apparent, but the dense dislocations more
influence the strain contrast at the grain interior for the higher magnitude of plastic strain
in Figure 3f.
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3.3. Deformation Zone around the α-Al(Mn, Fe)Si Precipitate with Increase of Strain

EBSD analysis was conducted for the deformed zones around the coarse α-Al(Mn,
Fe)Si particles (>1 µm), and IPF (inverse pole figure) maps are represented in Figure 4,
where black regions are α-Al(Mn, Fe)Si particles. The EBSD analysis was measured in
a size of 5 µm × 10 µm with a step size of 0.04 µm. The respective IPF maps for the
specimens with the different amounts of reduction, 20%, 50%, and 90%, demonstrate the
evolution of the deformation zones with an increase of the plastic strain. In particular,
elongated grain morphology along the direction parallel to RD is clearly distinguished by
the color-coded plots, which indicate the extensive plastic flow around the undeformed
α-Al(Mn, Fe)Si precipitate (Figure 4c). The deformation zone around the α-Al(Mn, Fe)Si
precipitate introduced by cold rolling can be classified into two categories. The first is
characterized by the distorted zone left and right of the coarse particle, and the other one is
the rotated zone below and above the coarse particle. This rotated zone corresponds to the
refined sub-grain structure and high lattice rotation, providing a high local stored energy,
which is important for nucleation of recrystallization.

Figure 4. EBSD map around the α-Al(Mn, Fe)Si precipitate in the longitudinal section of the cold-rolled AA3003 aluminum
alloy with different amounts of reduction, (a) 20%, (b) 50%, and (c) 90%. The inverse pole figures (IPF) indicate the color
key of the crystal direction parallel to the normal direction (ND).

In order to distinguish the subgrain formation in the vicinity of the α-Al(Mn, Fe)Si
precipitate, the local misorientation angle observed for the EBSD map of AM5 was replotted
by the Kernel average misorientation (KAM) map and its line profile in Figure 5. The KAM
map and the line profile of misorientation across the grain (black arrow) are obtained from
the region indicated by the blue dotted line (region1 in Figure 4b). It is shown in Figure 5
that the misorientation profile is steeply increased to 9 degrees at a distance of 0.35 µm.
After the stepwise increase and decrease of misorientation, there is no further change in
the profile. This indicated that a well-developed sub-grain is formed inside the grain next
to the coarse particle during plastic deformation.
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Figure 5. (a) Kernel average misorientation map of AM5 indicated in Figure 4b (region 1) with the
arrow marking (b) misorientation profile.

Accounting for the non-uniformity of the misorientation angle in Figure 5b, the rotated
zone consists of higher local misorientation angle, which reflects the existence of a subgrain
boundary near the coarse precipitate (Figure 5a). This fact may be attributed to an exclusive
lattice distortion induced at the matrix-precipitate boundary, which will be discussed in a
later section of inhomogeneity problem.

In order to obtain the misorientation in the vicinity of the rotated zone quantitatively,
line profiles were analyzed for AM2, AM5, and AM9 on the EBSD map (Figure 6). The
misorientation profiles along RD and ND directions are taken from the regions indicated
by dotted lines as shown in Figure 4. Black line shows the difference of the misorienta-
tion angle between analysis points, while the red line shows the accumulated value of
misorientation. The misorientation angle around the precipitate depends strongly on the
plastic strain, where the maximum angles of AM2, AM5, and AM9 amounted to 17.7, 31.8,
and 61.2 degrees for RD directions (Figure 6a–c), and 29.6, 18.3, and 47.5 degrees for ND
directions (Figure 6d–f), respectively. Moreover, numbers of the misorientation boundaries
can be found in both the RD and ND directions for AM9 in Figure 6c,f.

Figure 6. Misorientation angle profiles of (a,d) AM2, (b,e) AM5, and (c,f) AM9 across the rotated zone formed around
α-Al(Mn, Fe)Si precipitate. The point-to-point line (black) indicates the profile of the orientation changes between adjacent
point. The point-to-origin line (red) represents the profile of the orientation changes between all points and origin point.
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Accounting for the misorientation profiles of the rotated zone formed around the
coarse precipitate, it is suggested that the recrystallization of the cold-rolled sheet would
be easily occur from the PSN effect under the large plastic deformation.

The effect of magnitude of plastic strain on the number fraction of the LAGBs and
HAGBs are shown in Figure 7. The number fractions of LAGBs and HAGBs are indicated by
the red and black lines, respectively. Note that the number fraction of LAGBs and HAGBs
were evaluated by TSL OIM analysis software from the EBSD maps in the longitudinal
section of the cold-rolled AA3003 aluminum alloy.

Figure 7. Changes in the number fraction of the LAGBs and HAGBs, and Vickers hardness with
increase of the amount of reduction in the AA3003 aluminum.

The number fraction of LAGBs drops with increasing the plastic strain, while the
fraction of HAGBs increases in inverse proportion to the number fraction of LAGBs.
Accounting for the fact that the profile of Vickers hardness as indicated by the blue line
shows similar increasing profile as compared with the number fraction of HAGB, the
fraction of HAGBs becomes sufficient to proceed with the recrystallization when the
fraction of HAGBs reaches to 60~70%, which is a well-known fact pointed out by Humphrey
et al. [29]. The number fraction of HAGBs in the cold-rolled specimens shows a parabolic
increase with plastic strain, which is measured to be 7% for AM2, 57% for AM5, and 81% for
AM9. The number fraction of HAGBs in the as-homo is measured to be 2.4%. Therefore, the
recrystallization in the AM9 during annealing easily occurs with the large number fraction
of HAGBs as compared with the AM2 and AM5 when the same annealing temperature is
assumed.

3.4. Evolution of Dislocation Density with Increasing Strain

Figure 8 shows the effect of the amount of reduction on the (111) diffraction peaks
measured by X-ray. The profile of the diffraction peaks in AM2 (logarithmic strain, εt = 0.22)
is not significantly different from that of as-homo (εt = 0.0), but the diffraction angle is
shifted slightly toward the lower angle. This shift of diffraction angle implies an increase
of d-spacing in ND direction as a result of residual strain. The profile of AM5 (εt = 0.69)
shows the broadening of diffraction peak at the similar peak position of AM2 (εt = 0.22).
As the amount of reduction is increased, further broadening occurs, but the diffraction
peak position is not significantly changed in AM9 (εt = 2.30). Accounting for the peak
broadening with an increase of the amount of plastic deformation, inhomogeneous strain
distribution and a small crystallite of a cold-rolled specimen are suggested.
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Figure 8. (111) diffracted peak at different amounts of reduction for the DC cast AA3003 aluminum
alloy with homogenization.

The residual strain due to the cold rolling and subsequent annealing can be quanti-
tatively analyzed by means of Williamson-Hall plots, in which the magnitude of lattice
strain and the crystallite size can be separately determined from peak shift and width [30].
Diffraction profiles used for this analysis were (111), (200), (220), (311), and (222) reflections
of the aluminum phase. According to Williamson-Hall equation, the effect of lattice strain,
εL, on the value of the full width at half maximum (FWHM) obtained from each peak can
be mentioned as follows, [30].

∆2θ cos θ = (0.9λ/D + 2εL sin θ) (2)

where ∆2θ is the FWHM of diffraction peak, θ is the Bragg diffraction angle, λ is the
wavelength of X-ray, and D is the average crystallite size.

Figure 9a shows the FWHM values in the form of quadratic equations of the Williamson-
Hall plot for each specimen. Note that, according to the first and second terms of the
Williamson-Hall plot in Equation (2), the crystallite size and the lattice strain can be de-
termined from the intercept and the slope of the linear regression profiles, respectively.
Apparently, the intercept for 90% cold-rolled specimens in Figure 9a shows the largest
value, which indicates the smallest crystallite size. Meanwhile, the slopes of the profiles are
similar regardless of the amount of reduction. This implies that the average elastic strain is
not significantly increased by further plastic strain.

Figure 9. (a) Williamson-Hall plots and (b) Crystallite size of the cold-rolled AA3003 aluminum alloy
measured by XRD and TEM.

The changes in crystallite size deduced from the XRD and TEM results are represented
in Figure 9b. It is clearly seen that the crystallite size obtained by Equation (2) decreases
with an increase of the amount of reduction, which shows good consistency with those
obtained by TEM observation. In literature [31], since the crystallite size calculated from
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X-ray diffraction analysis by Equation (2) can be regarded as the average size of sub-
grains and dislocation cells due to the coherently scattered X-rays, the dislocation cell size
observed in AM2, AM5, and AM9 was used for the crystallite size deduced from TEM
images, which amounted to 510 nm, 331 nm, and 214 nm, respectively.

The change in the dislocation density induced by cold rolling can also be determined
from X-ray diffraction by assuming the lattice strain caused by dislocation lines. According
to the relationship between the crystallite size and lattice strain obtained by Equation (2),
the dislocation density, ρ, is given by Williamson and Smallman as follows [32],

ρ =
(3nK/F)

1
2
(
εL

2) 1
2

Db
(3)

where n is the number of dislocations on each face of the matrix, K is constant depending
on the strain distribution around the dislocation line, F is an interaction parameter,

(
εL

2)1/2

is root mean square strain, and b is Burgers vector. In literature [33], the constant of K
assumed by the Cauchy strain distribution amounts to K = 25, whereas that by Gaussian
strain distribution is nearly K = 4. In the absence of the extensive polygonization in
dislocation arrangement, the dislocation density is calculated by assuming n≈ F, and K = 4.
Thus, Equation (3) can be simply given as

ρ =
2
√

3
(
εL

2) 1
2

Db
(4)

The effect of plastic deformation on the thickness of the grain for HAGB obtained by
Equation (1) and TEM image analysis is represented in Figure 10. The thickness profiles are
plotted by the black dashed line for XRD analysis and the black solid line for TEM image
analysis as a function of the logarithmic strains, 0.22, 0.69 and 2.30 (corresponding nominal
strains, 20%, 50% and 90%). It is noted that TEM foil normal to TD direction was taken
from the center part of deformed specimens. It can be seen that the HAGBs thickness in
ND direction is decreased rapidly with increase of plastic strain, which is similar to the
crystallite size when the plastic strain is larger than εt = 1.5. This consistency might be due
to the fact that the crystallite observed by TEM is mainly composed of the fine equi-axed
grains (Figure 3). It should be mentioned that the thickness of HAGBs by TEM analysis is
consistent with the theoretical prediction by Equation (1).

Figure 10. Evolution of the HAGB thickness, crystallite size, and dislocation density with increasing
the logarithmic strain in the AA3003 aluminum alloy.

Regarding the change in the dislocation density as indicated by the blue dashed line in
Figure 10, the dislocation density shows parabolic increase with respect to the plastic strain,
which amounts to 1.66× 1014 m−2 for AM2, 2.68× 1014 m−2 for AM5 and 3.87 × 1014 m−2

for AM9. Accounting for the facts of the similar slopes for lattice strains in Figure 9a and
the linear relationship between the crystallite size and the lattice strain in Equation (4),
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the change in dislocation density at the larger plastic strain is attributed to the change in
crystallite size D as shown in Figures 9a and 10.

3.5. Recrystallization Behavior in Cold Rolled Specimen with Different Reduction Ratio

The evolution microstructures of the AM2, AM5, and AM9 specimens annealed
at 350 ◦C are shown in Figure 11. The AM2 specimen clearly shows inhomogeneous
recrystallization after 300 s, where partially equi-axed grains have taken place in the vicinity
of the intersection of deformed grains. By applying the longer annealing time over 600 s,
discontinuous recrystallization and the uni-axial grain growth parallel to RD have been
proceeded. By increasing the amount of reduction, the recrystallization microstructure of
AM5 specimen shows homogeneous equi-axed grains within the shorter annealing time of
30 s. By further increasing the amount of reduction, the recrystallization in AM9 specimen
is completed within a few seconds, where recrystallized grain size amounts to be 8 µm.

Figure 11. Evolution of the recrystallization microstructure for the AM2, AM5, and AM9 at 350 ◦C
for different holding times.

The change in the Vickers hardness and the dislocation density for AM2, AM5, and
AM9 under the annealing temperature at 350 ◦C and 400 ◦C are represented in Figure 12.
The profiles of dislocation density for AM2, AM5, and AM9 are indicated by symbols
with square, circle and triangle, respectively. For comparisons, the profiles of the Vickers
hardness are indicated by dotted lines (right hand side of ordinate). The dislocation
density is computed by Equation (4), in which the crystal size and the average lattice
strain in Equation (2) are used for the calculation. For comparisons, dislocation density
of as-homogenized specimen is also plotted. It can be clearly seen that the profiles of the
hardness and the dislocation density show good consistency, where the transition of the
recovery to the recrystallization characterized by the rapid drop of the hardness profiles is
well explained by the change in dislocation density. These results strongly suggest that
the recrystallization behavior progresses with the dislocation absorption and relaxation
of the lattice strains. When the recrystallization process is completed, the dislocation
densities for the AM2, AM5, and AM9 specimens show similar values, which amount to be
0.71 × 1014 m−2, 0.87 × 1014 m−2 and 0.78 × 1014 m−2, respectively.
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Figure 12. Change in the dislocation density as a function of annealing time at (a) 350 ◦C and (b) 400 ◦C in AM2, AM5, and
AM9.

As it can be seen in Figures 11 and 12, the recrystallization behavior is proceeded by a
short period, especially the AM9 with large strain is completed within 5 s at 350 ◦C. In order
to observe the evolution microstructure of the dislocations during the recrystallization more
clearly, TEM observation was conducted for the specimen annealed at lower temperature
of 300 ◦C. TEM bright field images for AM5 and AM9 annealed at 300 ◦C are shown in
Figures 13 and 14 respectively. As shown in Figure 13a, the pinning of dislocation by fine
particle inside of the grain is observed for AM5 annealed for 120s. Most of dislocations
were recovered in the upper and lower part of the fine particle, while the pinned dislocation
remained due to the presence of the fine particle. After annealing for 600 s, a hexagonal-
shaped dislocation network can be seen at the sub-boundary connected from region I to II
(Figure 13b). The spacing of the dislocations in dislocation network changes depending
on the distance from the high angle boundary. For instance, the mesh size at region-I near
the high angle grain boundary amounts to be 32 nm, while the spacing of the mesh at
region-II is 27 nm. Jones et al. [34] reported that the absorption of each interior dislocation
by HAGB generally results in the formation and rearrangement of different boundary
dislocations, and this series of dislocation absorption processes lead to the emission of
arrayed dislocation in the grain boundary by stress relaxation from the boundary edge
where the low angle boundary contacts the high angle boundary.

Figure 13. Evolution microstructure of AM5 annealed at 300 ◦C for (a) 120 s and (b,c) 600 s.



Materials 2021, 14, 1701 13 of 23

Figure 14. Evolution microstructure of AM9 annealed at 300 ◦C for (a,b) 5 s and (c) 60 s.

Judging from the transmission image of dislocation arrangement in Figure 13c, sev-
eral boundaries consisting of the dislocation arrays are overlaid. For instance, the lath-
shaped grain subdivided into two parts at the boundary as indicated by A-B-C is three-
dimensionally connected to the edge of the HAGB as indicated by D and E. Furthermore,
several dislocations isolated from the dislocation arrays can be seen in the bottom side of
the lath-shaped grain. Accounting for the above observation results, the region enclosed
by the dislocation arrays indicates the initial stage of the sub-grain formation, where dislo-
cation boundary is gradually developed by the subsequent annealing due to the migration
of the dislocation boundary.

Figure 14a–c shows a TEM microstructure of annealed AM9 specimen. For 5 s
(Figure 14a,b), the recovery is delayed by the pinning effect due to the presence of a
fine particle (white circle in Figure 14a), thereby the dislocation remaining around the fine
particle inside the grain (Figure 14a). In the meanwhile, preferentially recrystallized grain
without interior dislocation was frequently observed next to the coarse particle by PSN
effect (Figure 14b).

When annealing was conducted for the 60 s (Figure 14c), the recrystallized grain
was formed with a convex curvature and a straight boundary pinned by fine particles
(white circle). It is possible to predict the direction of growth of recrystallized grains of
heavily deformed specimens that naturally depend on the migration characteristics of
the high-angle boundary. Since the driving pressure increases as the radius of curvature
increases, the grains with concave curvature are subjected to a greater driving pressure
than convex curvature toward the center of curvature. Therefore, unless the boundary is
formed in a straight line, the grain growth will occur on the convex curvature side. Further
details on the driving pressure are discussed in a later section of thermodynamic pressure.

The recrystallized grains formed with convex curvature can be seen in Figure 14b,c,
where a straight boundary pinned by particles is also observed. This implied that the
recrystallized grain will grow in the direction of the convex curvature (indicated by white
arrow) by further annealing, while the migration of straight boundaries will be retarded
where the grain boundaries and dislocations are pinned by fine particles (white circle in
Figure 14a,c).

The mechanism of subgrain growth in this specimen with low plastic deformation can
be seen schematically in Figure 15. The cell structures enclosed by tangled dislocations are
generated inside the grains by cold rolling (Figure 15a), which is changed into the subgrains
by rearrangement of dislocations during the recovery stage (Figure 15b). By subsequent
annealing, subgrain boundaries are coalesced with an adjacent subgrain, leading to a larger
subgrain with an irregular shape of lower misorientation angle (Figure 15c). This continues
until the subgrains grow to a size of grain surrounded by HAGB during recrystallization,
from which point the grain will begin to grow and abnormal grain growth can occur.
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Figure 15. Schematic diagram for formation and coalescence of sub-grains during annealing. (a) cold-
rolled structure with low plastic deformation, (b) formation of subgrain during recovery and (c) coa-
lescence of the subgrain by subsequent annealing.

4. Discussions
4.1. Evolution of Dislocation Density

The dislocation density tends to increase in proportion to plastic strain, which leads to
the formation of LAGBs by dislocation rearrangement. In principle, the recovery process is
considered as the evolution of sub-grains, which is associated with the migration of LAGBs
at the region with the large strain energy differences or orientation gradients [35].

The evolution of the dislocation density and crystallite size for AM2, AM5, and AM9
under the annealing temperature at 350 ◦C and 400 ◦C are represented in Figure 16. The
profiles of dislocation density and crystallite size for AM2, AM5, and AM9 are represented
by solid and dotted lines, respectively, where annealing temperatures are indicated by
symbols with a black square for 350 ◦C and red triangle for 400 ◦C. The respective recovery
and recrystallization stages during annealing were indicated as stage I and II, where the
distinction between both of the stages as a function of annealing time was obtained via
the modified Johnson-Mehl-Avrami-Kolmogorov (JMAK) microhardness model in the
previous study [5]. %clearpage

Figure 16. Evolution of the dislocation density and crystallite size as a function of annealing time at 350 ◦C and 400 ◦C in (a)
AM2, (b) AM5, and (c) AM9.

As shown in Figure 16, the coarsening of crystallite occurred faster at 400 ◦C than
low temperature at 350 ◦C, thereby the size of new recrystallized grains decreased in
inverse proportion to annealing temperature. Therefore, a large number of nuclei for
recrystallization are created by rapid migration and consumption of dislocations at high
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temperatures, leading to refinement of the grains by impingements between the new
recrystallized grains.

The relationship between crystallites size and dislocation density during annealing
could be considered in terms of the dislocation annihilation, nucleation, and growth
for recrystallization. Since the stored energy of the formed subgrain structure during
recovery is still large, it would be further lowered by the coarsening of the subgrain during
recrystallization. It can be seen in Figure 16a, AM2 exhibits little change in the dislocation
density and crystallite size through a relatively slow stage-I at 350 ◦C, and rapid coarsening
occurred at the beginning of stage-II.

Accounting for the fact that the dislocation density is sharply dropped at stage-II,
energy dissipation by dislocation annihilation under the stage-I of AM2 is not significant.
This indicates that the larger thermal activation energy is necessary for the migration of
LAGB since the mobility of LAGB is essentially smaller than that of HAGB.

4.2. Driving Force for Recrystallization

The activation energy for migration of the low angle boundary in aluminum al-
loys depends on the activation energy for lattice-diffusion of the main additive element
(Mn = 217 kJ/mol) [36], while the activation energy for migration of HAGBs in the alu-
minum alloy is close to the value for grain boundary diffusion (84 kJ/mol) reported by R. W.
Balluffi [37]. In this study, it can be expected that the presence of alloying elements such as
Mn, Si, and Fe will influence the increase of second-phase particles, which can significantly
exert the effect in the pinning of grain boundaries and retarding the migration of grain
boundaries. Significant pinning effect on the grain recovery and recrystallization was
found by homogenized specimens, which is attributed to the formation of fine precipitates
on both low and high angle grain boundaries. In our previous study [5], the apparent
activation energies for recrystallization of AM2, AM5, and AM9 were determined to be
332 kJ/mol, 239 kJ/mol, and 115 kJ/mol, respectively, where the apparent activation energy
for recrystallization of AM9 is almost similar to the activation energy for self-diffusion in
the aluminum. Therefore, recrystallization kinetics for AM9 with an increase of the amount
of reduction is attributed to the stored energy associated with dislocation density, which
increases the nucleation sites and the grain boundary mobility.

The changes in the number fraction of LAGBs and HAGBs associated with grain
boundary energies γb under cold rolling conditions are important when discussing the
mobility of grain boundaries during annealing. The energy of simple tilt boundary is given
by Read-Shockley [38].

γb = γmax
θ

θmax

(
1− ln

θ

θmax

)
, (0 < θ ≤ θmax) (5)

where θmax is high angle boundary (commonly considered 15 degrees) and γmax is the
value of boundary energy when the boundary is at a high angle. γmax is considered to be
0.324 J/m2 in the aluminum [39].

According to Equation (5), the energy of the low angle boundary increases with
increasing misorientation θ, while the energy per dislocation decreases with increasing
misorientation. In view of geometrically necessary dislocations [40], the contribution of
the dislocation self-energy would be negligibly smaller than that of dislocation interaction
energy when a certain boundary is assumed by the large numbers of dislocations.

Assuming that the energy stored by plastic deformation is dissipated by recrystalliza-
tion and grain boundary migration when the towing possibility, dislocation annihilation,
or dislocation absorption into the boundary are accompanied, the stored energy, Ed, can be
estimated from the dislocation density in view of self-energy of dislocations.

Ed = c2ρGb2 (6)
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where, c2 is the pre-factor for dislocation energy (0.5 is often used for self-energy of
dislocation by line tension approximation). Substituting dislocation densities calculated in
the present study, 1.66 × 1014 m−2 for AM2, 2.68 × 1014 m−2 for AM5 and 3.87 × 1014 m−2

for AM9, and material constants, G = 2.6 × 1010 N/m2, b = 0.286 nm, stored energy for
AM2, AM5, and AM9 amounts to 3.1 × 105, 4.9 × 105 and 7.1 × 105 J/m3, respectively.
Accounting for the equilibrium of thermodynamic pressure, critical radius of recrystallized
grain can be predicted by the following formula,

γcrit = 2γb/Ed (7)

where γb is the grain boundary energy for 0.324 J/m2 in the aluminum, and Ed is the stored
energy (thermodynamic pressure).

By substituting thermodynamic pressure (stored energy) and grain boundary energy,
the critical radius of recrystallized grain yields approximately 1.8 µm for AM2, 1.3 µm
for AM5, and 0.9 µm for AM9. This result indicates that AM9 shows good consistency
in prediction and observation results due to higher driving force for recrystallization
(Figure 15b,c), which also indicates that the region of the recrystallization would not be
restricted around the fine secondary particles during annealing. meanwhile, the values of
critical radius predicted for AM2 and AM5 specimens are deviated from the observation
results, which is reflected by the larger apparent activation energy for AM2 (331 kJ/mol)
and AM5(239 kJ/mol). Although the activation energy for recrystallization in the AM5
specimen is similar to the activation energy for Mn diffusion (217 kJ/mol) [36] in aluminum,
since the concurrent precipitation did not occur during recovery and recrystallization in
the present study, the activation energy for recrystallization of AM2 and AM5 may be
influenced by the pinning effect of fine secondary particles. In particular, accounting for
the fact that crystallite size of AM2 hardly changes during recovery, driving pressure for
recrystallization and migration might be insufficient against the considerable pinning effect
of fine particles on LAGB and HAGB. Hence, the fine secondary particle on LAGB and
HAGB is responsible for the significant delay in recovery and recrystallization of AM2
and AM5.

4.3. Thermodynamic Pressure for Boundary Migration

The initial thickness of grains are gradually decreased to several hundreds of nm
depending on the plastic strain (Figure 3e). Such a decrease in thickness of high angle
grain leads to the large number fraction of HAGBs. In addition, the constituent particles
accompanied with the local plastic deformation of the matrix phase may act as an important
factor to promote recrystallization.

In the case of lower plastic deformation (AM2 and AM5), considerable time is required
for recovery and relaxation of dislocation microstructure, which is attributed to a lower
driving force associated with dislocation density for recovery. Although the recovery
stage for AM5 and AM9 in the present study was completed in a very short time, the
stored energy for AM2 in Figure 16 is calculated by using Equation (6), which amounted
to 3.1 × 105 J/m3 (the as-rolled), 2.8 × 105 J/m3 (annealed at 350 ◦C for 2 min), and
2.7 × 105 J/m3 (annealed at 400 ◦C for 2 s). Hence, the energy consumption at 350 ◦C and
400 ◦C during the recovery stage amounted to 8.1% and 11.1%, respectively. These results
are consistent with the consumed energy as reported in [41], where 10% of the stored
energy is consumed in the recovery process.

In literature [1], the tangled dislocations are changed into the dislocation wall, which
is further developed into three-dimensional dislocation cell and sub-grains with increase of
the plastic strain. Furthermore, thermal activation by the heat-treatment process promotes
the dislocation rearrangement and boundary migration. It can be seen in Figure 13c that
the number of dislocations inside the grain is decreased by annealing at 300 ◦C for 600 s,
which leads to the formation of a well-developed subgrain with a size of about 1 µm in
the recovery stage. It is noted that, although the OM microstructure is not represented,
recrystallization is not confirmed under the same annealing condition of AM5 (at 300 ◦C for
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600 s). Therefore, the transition of the dislocation microstructure from the cell wall to the
subgrain boundary is supposed to be the representative behavior in the recovery process.
Hence, the rearrangement of dislocations for the formation of sub-grains is considered to
be dominant rather than the annihilation of dislocations in the recovery process.

According to the literature [1], the net driving pressure Pnet that acted on the boundary
of recrystallized grain is given as,

Pnet = Pd − Pp − Pc =
αρGb2

2
− 3ρ fvγb

d
− 2γb

r
(8)

where the pressures associated with dislocation density, pinning effect by particles, and
boundary curvature are Pd, Pp and Pc, respectively. α is a constant of the order of 0.5, G is
the shear modulus, f v is the volume fraction of second-phase particle, γb is the boundary
energy, and d is the diameter of particle. Recalling the results of Sections 3.2 and 3.4, it can
be seen that the net driving pressure associated with dislocation density and curvature
of boundary affecting the nucleation and growth rate of recrystallized grains in AM9 is
greater than AM2 and AM5 with lower plastic deformation.

Regarding the higher magnitude of plastic strain (AM9), the large numbers of smaller
recrystallized grains would be formed with the rapid recovery and nucleation rate. Ac-
cording to the boundary energy in Equation (2), since the large magnitude of plastic strain
induced the recrystallized grain with smaller radius of curvature (Figure 15), the retarding
pressure for the boundary migration would be increased as suggested in Equation (8).
Hence, the rapid recovery and nucleation rate are merely due to the higher stored energy,
which exceeded the retarding pressure for the boundary migration. Furthermore, as can
be seen in Figure 15c, the growth and migration would be delayed due to the pinning
effect of particles. This indicates that, although the recrystallized grain would be firstly
introduced at the rotation zone around the coarse particle, the region of the recrystallization
is extended into the grain interior because of smaller retarding pressure. Eventually, the
recrystallized grains are surrounded by the coarse particles.

This can be supported by the results analyzed by the EBSD and FE-SEM. The recrys-
tallized grains are preferentially generated next to the coarse precipitate (white region, in
Figure 17a), where the grain orientation spread (GOS) of aluminum indicates misorienta-
tion of less than 3 degrees [42]. The convex curvature of recrystallized grain reflects the
pinning effect of fine particles as can be seen in Figure 17b.

Figure 17. Grain orientation spread (GOS) map overlaid with IPF map in AM9 annealed at 300 ◦C for 30 s shows growth of
recrystallized grain (a) in deformation zone around a coarse particle and (b) in dispersoid zone.
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4.4. Residual Stress of α-Al(Mn, Fe)Si Particle

Since the contribution of second-phase particles on the work hardening is significant,
the dislocation microstructure strongly depends on the distribution microstructure of the
second-phase under a certain amount of reduction. This indicates that the magnitude and
gradient of plastic strain are locally changed with the spatial distribution of the particles,
which is commonly referred to as the particle deformation zone [43]. This deformation
zone provides a strong driving force for the nucleation at the local point during the initial
recrystallization process. Accounting for the fact that the deformation zones formed by
an accumulation of dislocation around the second-phase particles are introduced by a
mismatch of plastic strain between the Al matrix and the inhomogeneous precipitate,
residual strain and stress around the second particle can be treated by the inhomogeneous
inclusion problem under cold-rolling condition [19,22].

According to the Eshelby theory, the stress disturbed by the inhomogeneity can be
mentioned by assuming mismatch of the plastic strain, ε

p
ij, as follows,

σij = C∗ijkl

(
ε0

kl + Sklmnε∗∗mn − ∆ε
p
kl

)
(9)

∆σij = C∗ijkl

(
Sklmnε∗∗mn − ∆ε

p
kl

)
= Cijkl(Sklmnε∗∗mn − ε∗∗kl ) (10)

with
ε∗∗mn = ε∗mn + ∆ε

p
mn (11)

where ε∗∗mn is total eigenstrain, ∆ε
p
mn is the mismatch of the plastic strain, ε∗mn is equivalent

(fictitious) eigenstrain, and Cijkl and C∗ijkl are the stiffness of the matrix and the precipitate,
respectively. Note that in the absence of the mismatch of the plastic strain in Equation (9)
(∆ε

p
mn = 0), the relation of the total eigenstrain and the applied strain becomes(

Sklmn +
(

C∗klij −Cklij

)−1
Cijmn

)
ε∗∗mn = ε0

pq (12)

The residual stress, ∆σij, can be simply given by substituting the applied strain,
ε0

ij = 0 [19,22],

∆σij = C∗ijkl

(
Sklmnε∗∗mn − ∆ε

p
kl

)
= Cijkl(Sklmnε∗∗mn − ε∗∗kl ) (13)

Thus, the relation of the total eigenstrain and the mismatch of the plastic strain is
given as [19,22],

ε∗mn =
((

C∗ijkl −Cijkl

)
Sklmn + CijklIklmn

)−1
C∗ijkl∆ε

p
kl (14)

Once the eigenstrain is solved, the stress inside the inhomogeneity can be computed
by Equations (9) and (10). The residual stress outside the α-Al(Mn, Fe)Si precipitate can be
derived from the exterior point Eshelby tensor as follows,

σij(outside) = CijklGklmnε∗∗mn (15)

where Gklmn is the exterior point Eshelby tensor. The explicit expressions of the exterior Es-
helby tensors G for ellipsoidal inclusions are given by Ju and Sun [24]. Full details of all the
mathematical basis associated with micromechanics are given elsewhere [19,22–24,40,44].

Note that, under the assumption that the plastic deformation is dominant in the
aluminum matrix, the mismatch of the plastic strain in Equation (9) can be set as ∆ε

p
kl = −ε0

kl .
In order to predict the shape of the deformation zone, the distribution of the residual stress
around the α-Al(Mn, Fe)Si precipitate is evaluated by the von Mises equivalent stress, σeqv,
with the following formula,
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σeqv =

√
1
2

[
(σ11 − σ22)

2 + (σ22 − σ33)
2 + (σ33 − σ11)

2 + 6
(
σ2

12 + σ2
23 + σ2

31
)2
]

(16)

Substituting the nominal plastic strain of the present study, ∆ε
p
33 = −∆ε

p
11 = 0.2 (AM2),

0.5 (AM5) and 0.9 (AM9), and ∆ε
p
22 = 0 into Equation (9), the total eigenstrain is amounts

to ε∗∗33 = −ε∗∗11 = 0.299, ε∗∗22 = 0 for AM2, ε∗∗33 = −ε∗∗11 = 0.747, ε∗∗22 = 0 for AM5 and ε∗∗33 =
−ε∗∗11 =1.344, ε∗∗22 = 0 for AM9. The residual stresses and the von Mises equivalent stress
computed by Equations (9) and (16) are listed in Table 4. It should be noted that the
computed values of stress in Table 4 are greatly large in magnitude, even if the mismatch
of plastic strain under the cold rolling condition is assumed to be ∆ε

p
33 = −∆ε

p
11 = 0.2 (the

amount of reduction, 20%).

Table 4. Comparison of the residual stress inside the α-Al(Mn, Fe)Si precipitate with sphere computed
by Equation (9) under cold-rolling condition (ε0

11 = −ε0
33 = 0.2, 0.5 and 0.9, and ε0

22 = 0). Von Mises
Equivalent stress, σeqv, is computed by Equation (16).

ε0
ij

σij/GPa

σ11 σ22 σ33 σeqv

0.2 8.25 <10−17 −8.25 14.29
0.5 20.62 <10−17 −20.62 35.72
0.9 37.12 <10−17 −37.12 64.29

Note that the magnitude of the residual stress is proportional to that of eigenstrain
strain within the context of linear elasticity. Accounting for the stress level of plastic defor-
mation as a yield criterion, the spatial distribution of the stress outside the inhomogeneity
is important to consider the stress accumulation and relaxation phenomena under cold
rolling. Assuming that the matrix phase is exclusively deformed, while the particle is
completely elastic under the cold rolling, the spatial distribution of the plastic deformation
is reproduced by summing the uniform plastic strain and the disturbed plastic strain in the
matrix phase. Accounting for this fact, it is apparent that the residual stress field would
be canceled by the opposite sign of uniform eigenstrain in inhomogeneity. Moreover, in
view of average theory, this stress relaxation can be attained by the eigenstrain assumed
outside the inhomogeneity, which is more suited for the stress relaxation by dislocations.
Note that the magnitude of the disturbed plastic strain is inversely proportional to the
considering volume of the region enclosing the inhomogeneity in equivalent inclusion
system though Equation (10). This concept of stress relaxation is based on the Tanaka-Mori
theorem [22,45,46] and the dislocation punching model reported by Shibata et al. [47].

Therefore, in order to realize the displacement field around the inhomogeneity, total
displacement inside/outside the inhomogeneity is computed by superposing the elastic
and plastic displacements. Recalling the fact that the equilibrium shape of the inhomo-
geneity given from Equations (9) and (10) is that without the uniform plastic strain in the
solid, superposition of the uniform plastic strain can realize the deformed shape of the
inhomogeneity in the matrix phase. Note that the displacement solutions for interior and
exterior points are solved analytically by using following expressions [22,48,49],

ui(x) = 1/8π(1− ν)
(

ε∗jlψjli − 2νε∗mnφi − 4(1− ν)ε∗ilφl

)
(17)

with

φi = −xi II(λ) (18)

ψijl = −δijxl

(
IL(λ)− α2

I IIL(λ)
)
− xixj

(
IJ(λ)− α2

I IIJ(λ)
)

l
−
(

δilxj + δjlxi

)(
IJ(λ)− α2

I IIJ(λ)
)

(19)
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where I-integrals for spherical inhomogeneity were used for the calculation [22]. Total
eigenstrain given from Equation (14) is substituted into Equation (17).

Computed results of the total displacement and the residual stress solved by
Equations (17) and (9) are represented in Figure 18. It can be seen from the deformed
shape, the total displacement of the matrix phase is strongly constrained by the inhomo-
geneity, where the thickness of the region at the right and left part of inhomogeneity are
hardly changed in ND direction. Moreover, judging from the signs of σ11 and σ33, dilata-
tional stress can be found in the vicinity of the precipitate along the x1-axis (red, positive)
and x3-axis (blue, negative). Therefore, in order to cancel and relax the large magnitude of
residual stress, multiple slip system of crystal dislocations should be operated, in which
the volume average of the dislocation swept area should be comparable to the equivalent
eigenstrain assumed in the inhomogeneity as predicted in Equation (14).

Figure 18. Deformed shape and residual stress around the spherical inhomogeneity (α-Al(Mn, Fe)Si
precipitate) under cold-rolling condition (∆ε

p
33 = −∆ε

p
11 = 0.5, and ∆ε

p
22 0) are represented in (a) σ11

and (b) σ33. The displacement and residual stress outside the inhomogeneity are deduced from
Equations (17) and (9), respectively.

Accounting for the spatial distribution of the residual stress, it is natural to consider
that the misorientation of the deformed zone is accompanied with the fine equi-axed grains
surrounding the inhomogeneity as shown in Figure 4c. In fact, this can be supported by
EBSD analysis (Section 3.3) for the deformed microstructure and misorientation angle at
the deformed zone parallel to the rolling direction near the particles. The profile of misori-
entation angles predicted by the displacement gradient and measured by EBSD analysis is
represented in Figure 19. The misorientation angles of the prediction and measurement re-
sults are indicated by the dotted and solid lines, respectively. The maximum misorientation
angle at the rotated zone near the precipitate as indicated by the red solid line amounted to
be 45 degrees at a distance of 1.9 µm from the interface for AM5 (misorientation measured
by point to origin in Figure 6b), which is similar to the misorientation angle 45 degrees
calculated from the gradient of the displacement at the same position (red dotted line in
Figure 19).
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Figure 19. Misorientation angles profile across the rotated zone formed around the α-Al(Mn, Fe)Si
precipitate measured by the prediction of displacement gradient and EBSD analysis.

5. Conclusions

The deformation and recrystallization of cold-rolled AA3003 aluminum alloy were
investigated in terms of the dislocation density, the misorientation angle, and residual
stress around the constituent particles. The dislocation density measured by X-ray was
proportionally changed with the amount of reduction of the cold-rolled sheets, which
shows good consistency with the TEM observation results and microhardness profiles.
In the meanwhile, the constant value of lattice strain was found in X-ray strain analysis
regardless of the amount of plastic strain. These results suggest that the HAGBs would be
developed by dislocation absorption into the boundaries by further plastic deformation,
which eventually leads to an increase in the driving force for the recrystallization. By
subsequent annealing, the further development of the HAGBs was observed especially
during the recrystallization, where the microhardness and the dislocation density are
sharply decreased with an increase of the annealing time. This implies that the dislocation
annihilation and dislocation absorption into the boundary occurred exclusively during the
recrystallization.

The residual stress analysis based on the Micromechanics theory revealed that the
region of the residual stress resembles the deformed zone around the coarse particle, which
is attributed to the fact that the elastic and plastic deformation of the matrix phase are
strongly constrained by inhomogeneity. The prediction results of the displacement gradient
along the rolling direction are consistent with the line profiles of the misorientation angle
measured by EBSD analysis. These results suggest that the deformed zone composed of
the fine equi-axed grains would be formed under the relaxation process of the residual
stress due to local plastic deformation in the vicinity of the coarse particle, which may be
responsible for the PSN effect on the recrystallization.

Author Contributions: S.-J.P. carried out experiment and computation, drafted the manuscript; S.M.
helped discussion of stress concentration and relaxation by Eshelby model. Both authors have read
and agreed to the published version of the manuscript.

Funding: The part of this work was financially supported by the Light Metal Educational Foundation,
Inc. and Society of Hot Dip Galvanized High Strength Bolt Engineering.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Data sharing not applicable to this article.



Materials 2021, 14, 1701 22 of 23

Acknowledgments: The synchrotron radiation experiment performed at BL02B2 of SPring-8 with the
approval of the Japan Synchrotron Radiation Research Institute (JASRI) was greatly acknowledged
(Proposal No.2019A1088).

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Humphreys, F.; Rohrer, G.S.; Rollett, A. Recrystallization and Related Annealing Phenomena; Elsevier: Amsterdam, The Netherlands,

2004. [CrossRef]
2. Lloyd, D.; Kenny, D. The structure and properties of some heavily cold worked aluminum alloys. Acta Metall. 1980, 28, 639–649.

[CrossRef]
3. Gil Sevillano, J.; van Houtte, P.; Aernoudt, E. Large strain work hardening and textures. Prog. Mater. Sci. 1980, 25, 69–134.

[CrossRef]
4. Gholinia, A.; Humphreys, F.; Prangnell, P. Production of ultra-fine grain microstructures in Al–Mg alloys by coventional rolling.

Acta Mater. 2002, 50, 4461–4476. [CrossRef]
5. Park, S.; Muraishi, S. Effect of reduction rate on the recrystallization behavior in AA3003 aluminum alloy fabricated by DC casting.

In Proceedings of the International Conference on the Physical Properties and Application of Advanced Materials (ICPMAT
2019), Daegu, Korea, 1–4 September 2019; pp. 28–29.

6. Nes, E.; Ryum, N.; Hunderi, O. On the Zener drag. Acta Metall. 1985, 33, 11–22. [CrossRef]
7. Zhao, Q.; Zhang, H.; Qiu, F.; Jiang, Q. Strain-induced precipitation kinetics during non-isothermal annealing of Al-Mn alloys. J.

Alloys Compd. 2018, 735, 2275–2280. [CrossRef]
8. Simonovic, D.; Sluiter, M.H.F. Impurity diffusion activation energies in Al from first principles. Phys. Rev. B 2009, 79, 1–12.

[CrossRef]
9. Humphreys, F. Inhomogeneous Deformation of Some Aluminium Alloys at Elevated Temperature. In Strength of Metals and Alloys

(ICSMA 6); Elsevier: Amsterdam, The Netherlands, 1982; pp. 625–630. [CrossRef]
10. Humphreys, F. Local lattice rotations at second phase particles in deformed metals. Acta Metall. 1979, 27, 1801–1814. [CrossRef]
11. Humphreys, F. A unified theory of recovery, recrystallization and grain growth, based on the stability and growth of cellular

microstructures—I. The basic model. Acta Mater. 1997, 45, 4231–4240. [CrossRef]
12. Smith, C.S. Grains, phases, and interfaces: An introduction of microstructure. Trans. Metall. Soc. AIME 1948, 175, 15–51.
13. Pimenta, F.C., Jr.; Arruda, A.C.; Padilha, A.F. Resistance to recrystallization in Al-1% Mn alloys. Z. Für Met. 1986, 77, 522–528.
14. Nagahama, K.; Miki, I. Precipitation during recrystallization in Al-Mn and Al-Cr alloys. Trans. Jpn. Inst. Met. 1974, 15, 185–192.

[CrossRef]
15. Sun, N.; Patterson, B.R.; Suni, J.P.; Simielli, E.A.; Weiland, H.; Allard, L.F. Microstructural evolution in twin roll cast AA3105

during homogenization. Mater. Sci. Eng. A 2006, 416, 232–239. [CrossRef]
16. Sun, N.; Patterson, B.R.; Suni, J.P.; Doherty, R.D.; Weiland, H.; Kadolkar, P.; Blue, C.A.; Thompson, G.B. Effect of Heating Rate on

Recrystallization of Twin Roll Cast Aluminum. Metall. Mater. Trans. A 2008, 39, 165–170. [CrossRef]
17. Vernon-Parry, K.D.; Furu, T.; Jensen, D.J.; Humphreys, F.J. Deformation microstructure and texture in hot worked aluminium

alloys. Mater. Sci. Technol. 1996, 12, 889–896. [CrossRef]
18. McQueen, H.J.; Spigarelli, S.; Kassner, M.E.; Evangelista, E. Hot Deformation and Processing of Aluminum Alloys; CRC Press:

Boca Raton, FL, USA, 2016. [CrossRef]
19. Park, S.-J.; Muraishi, S. Micromechanical analysis of residual stress around coarse precipitates under cold rolling conditions.

Mech. Mater. 2021, 103841. [CrossRef]
20. Hielscher, R.; Silbermann, C.B.; Schmidl, E.; Ihlemann, J. Denoising of crystal orientation maps. J. Appl. Crystallogr. 2019, 52,

984–996. [CrossRef]
21. Zhou, W.; Yu, J.; Lin, J.; Dean, T.A. Manufacturing a curved profile with fine grains and high strength by differential velocity

sideways extrusion. Int. J. Mach. Tools Manuf. 2019, 140, 77–88. [CrossRef]
22. Mura, T. Micromechanics of Defects in Solids; Martinus Nijhoff: Dordrecht, The Netherlands, 1987. [CrossRef]
23. Ju, J.W.; Sun, L.Z. A Novel Formulation for the Exterior-Point Eshelby’s Tensor of an Ellipsoidal Inclusion. J. Appl. Mech. 1999, 66,

570–574. [CrossRef]
24. Ju, J.; Sun, L. Effective elastoplastic behavior of metal matrix composites containing randomly located aligned spheroidal

inhomogeneities. Part I: Micromechanics-based formulation. Int. J. Solids Struct. 2001, 38, 183–201. [CrossRef]
25. Kaufman, J.G. Properties of Aluminum Alloys: Tensile, Creep, and Fatigue Data at High and Low Temperatures; ASM International:

Almere, The Netherlands, 1999.
26. Chen, C.-L.; Richter, A.; Thomson, R. Investigation of mechanical properties of intermetallic phases in multi-component Al–Si

alloys using hot-stage nanoindentation. Intermetallics 2010, 18, 499–508. [CrossRef]
27. Tóth, L.; Beausir, B.; Gu, C.; Estrin, Y.; Scheerbaum, N.; Davies, C. Effect of grain refinement by severe plastic deformation on the

next-neighbor misorientation distribution. Acta Mater. 2010, 58, 6706–6716. [CrossRef]
28. Raj, S.V.; Iskovitz, I.S.; Freed, A.D. Modeling the Role of Dislocation Substructure during Class M and Exponential Creep; Academic

Press Inc.: Cambridge, MA, USA, 1996. [CrossRef]
29. Humphreys, F.J. Quantitative metallography by electron backscattered diffraction. J. Microsc. 1999, 195, 170–185. [CrossRef]

http://doi.org/10.1016/B978-0-08-044164-1.X5000-2
http://doi.org/10.1016/0001-6160(80)90130-3
http://doi.org/10.1016/0079-6425(80)90001-8
http://doi.org/10.1016/S1359-6454(02)00253-7
http://doi.org/10.1016/0001-6160(85)90214-7
http://doi.org/10.1016/j.jallcom.2017.11.360
http://doi.org/10.1103/PhysRevB.79.054304
http://doi.org/10.1016/B978-1-4832-8423-1.50103-6
http://doi.org/10.1016/0001-6160(79)90071-3
http://doi.org/10.1016/S1359-6454(97)00070-0
http://doi.org/10.2320/matertrans1960.15.185
http://doi.org/10.1016/j.msea.2005.10.018
http://doi.org/10.1007/s11661-007-9367-3
http://doi.org/10.1179/mst.1996.12.11.889
http://doi.org/10.1201/b11227
http://doi.org/10.1016/j.mechmat.2021.103841
http://doi.org/10.1107/S1600576719009075
http://doi.org/10.1016/j.ijmachtools.2019.03.002
http://doi.org/10.1007/978-94-009-3489-4
http://doi.org/10.1115/1.2791090
http://doi.org/10.1016/S0020-7683(00)00023-8
http://doi.org/10.1016/j.intermet.2009.09.013
http://doi.org/10.1016/j.actamat.2010.08.036
http://doi.org/10.1016/b978-012425970-6/50009-6
http://doi.org/10.1046/j.1365-2818.1999.00578.x


Materials 2021, 14, 1701 23 of 23

30. Williamson, G.; Hall, W. X-ray line broadening from filed aluminium and wolfram. Acta Metall. 1953, 1, 22–31. [CrossRef]
31. Ungár, T.; Gubicza, J.; Ribárik, G.; Borbély, A. Crystallite size distribution and dislocation structure determined by diffraction

profile analysis: Principles and practical application to cubic and hexagonal crystals. J. Appl. Crystallogr. 2001, 34, 298–310.
[CrossRef]

32. Williamson, G.K.; Smallman, R.E. III. Dislocation densities in some annealed and cold-worked metals from measurements on the
X-ray debye-scherrer spectrum. Philos. Mag. 1956, 1, 34–46. [CrossRef]

33. Williamson, G.K.; Smallman, R.E. The use of Fourier analysis in the interpretation of X-ray line broadening from cold-worked
iron and molybdenum. Acta Crystallogr. 1954, 7, 574–581. [CrossRef]

34. Jones, A.R.; Ralph, B.; Hansen, N. Subgrain coalescence and the nucleation of recrystallization at grain boundaries in aluminium.
Proc. R. Soc. Lond. Ser. A Math. Phys. Sci. 1979, 368, 345–357. [CrossRef]

35. Doherty, R.D.; Cahn, R.W. Nucleation of New Grains in Cold Worked Metals. J. Less Common Met. 1972, 28, 279. [CrossRef]
36. Bakker, H.; Bonzel, H.P.; Bruff, C.M.; Dayananda, M.A.; Gust, W.; Horvath, J.; Kaur, I.; Kidson, G.V.; LeClaire, A.D.; Mehrer, H.;

et al. Diffusion in Solid Metals and Alloys; Springer: Berlin/Heidelberg, Germany, 1990. [CrossRef]
37. Balluffi, R.W. On measurements of self-diffusion rates along dislocations in F.C.C. Metals. Phys. Status Solidi (b) 1970, 42, 11–34.

[CrossRef]
38. Wilson, A.J.C. Dislocations in Crystals by W. T. Read Jr. Acta Crystallogr. 1954, 7, 384. [CrossRef]
39. Murr, L.E. Interfacial Phenomena in Metals and Alloys; Addison-Wesley Pub. Co.: London, UK, 1975; ISBN 0201048841.
40. Muraishi, S. Formulation of Eshelby’s inclusion problem by BIEM (boundary integral equation method) and PDD (parametric

dislocation dynamics). Mech. Mater. 2014, 74, 41–55. [CrossRef]
41. Kalu, P.; Waryoba, D. A JMAK-microhardness model for quantifying the kinetics of restoration mechanisms in inhomogeneous

microstructure. Mater. Sci. Eng. A 2007, 464, 68–75. [CrossRef]
42. Sridharan, N.; Wolcott, P.; Dapino, M.; Babu, S. Microstructure and texture evolution in aluminum and commercially pure

titanium dissimilar welds fabricated using ultrasonic additive manufacturing. Scr. Mater. 2016, 117, 1–5. [CrossRef]
43. Humphreys, F. The nucleation of recrystallization at second phase particles in deformed aluminium. Acta Metall. 1977, 25,

1323–1344. [CrossRef]
44. Muraishi, S.; Taya, M. Average Eshelby tensor and elastic field for helical inclusion problems. Int. J. Solids Struct. 2019, 180–181,

125–136. [CrossRef]
45. Tanaka, K.; Mori, T. Note on volume integrals of the elastic field around an ellipsoidal inclusion. J. Elast. 1972, 2, 199–200.

[CrossRef]
46. Muraishi, S.; Taya, M. Eshelby problem in continuous shape transition of helical inclusion. Int. J. Solids Struct. 2020, 199, 36–42.

[CrossRef]
47. Shibata, S.; Taya, M.; Mori, T.; Mura, T. Dislocation punching from spherical inclusions in a metal matrix composite. Acta Metall.

et Mater. 1992, 40, 3141–3148. [CrossRef]
48. Muraishi, S. Efficient interpolation algorithm of electro-elastic Green’s function for boundary integral equation method and

Eshelby inclusion problem. Int. J. Solids Struct. 2016, 100–101, 297–306. [CrossRef]
49. Meng, C.; Heltsley, W.; Pollard, D.D. Evaluation of the Eshelby solution for the ellipsoidal inclusion and heterogeneity. Comput.

Geosci. 2012, 40, 40–48. [CrossRef]

http://doi.org/10.1016/0001-6160(53)90006-6
http://doi.org/10.1107/S0021889801003715
http://doi.org/10.1080/14786435608238074
http://doi.org/10.1107/S0365110X54001879
http://doi.org/10.1098/rspa.1979.0134
http://doi.org/10.1016/0022-5088(72)90131-2
http://doi.org/10.1007/b37801
http://doi.org/10.1002/pssb.19700420102
http://doi.org/10.1107/S0365110X54002708
http://doi.org/10.1016/j.mechmat.2014.03.004
http://doi.org/10.1016/j.msea.2007.01.124
http://doi.org/10.1016/j.scriptamat.2016.02.013
http://doi.org/10.1016/0001-6160(77)90109-2
http://doi.org/10.1016/j.ijsolstr.2019.07.017
http://doi.org/10.1007/BF00125528
http://doi.org/10.1016/j.ijsolstr.2020.04.024
http://doi.org/10.1016/0956-7151(92)90477-V
http://doi.org/10.1016/j.ijsolstr.2016.08.025
http://doi.org/10.1016/j.cageo.2011.07.008

	Introduction 
	Experimental Procedure 
	Results 
	Microstructure of Homogenized Specimen 
	Change in Microstructure with Increase of Strain 
	Deformation Zone around the -Al(Mn, Fe)Si Precipitate with Increase of Strain 
	Evolution of Dislocation Density with Increasing Strain 
	Recrystallization Behavior in Cold Rolled Specimen with Different Reduction Ratio 

	Discussions 
	Evolution of Dislocation Density 
	Driving Force for Recrystallization 
	Thermodynamic Pressure for Boundary Migration 
	Residual Stress of -Al(Mn, Fe)Si Particle 

	Conclusions 
	References

