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Enhancing fatigue life by ductile-transformable
multicomponent B2 precipitates in a high-entropy
alloy

Rui Feng'2, You Rao3, Chuhao Liu?, Xie Xie!, Dunji Yu?, Yan Chen?, Maryam Ghazisaeidi® 3, Tamas Ungar®,
Huamiao Wang?®, Ke An® 2™ & Peter. K. Liaw'™

Catastrophic accidents caused by fatigue failures often occur in engineering structures. Thus,
a fundamental understanding of cyclic-deformation and fatigue-failure mechanisms is critical
for the development of fatigue-resistant structural materials. Here we report a high-entropy
alloy with enhanced fatigue life by ductile-transformable multicomponent B2 precipitates. Its
cyclic-deformation mechanisms are revealed by real-time in-situ neutron diffraction,
transmission-electron microscopy, crystal-plasticity modeling, and Monte-Carlo simulations.
Multiple cyclic-deformation mechanisms, including dislocation slips, precipitation strength-
ening, deformation twinning, and reversible martensitic phase transformation, are observed in
the studied high-entropy alloy. Its improved fatigue performance at low strain amplitudes, i.e.,
the high fatigue-crack-initiation resistance, is attributed to the high elasticity, plastic
deformability, and martensitic transformation of the B2-strengthening phase. This study
shows that fatigue-resistant alloys can be developed by incorporating strengthening ductile-
transformable multicomponent intermetallic phases.
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early 90% of mechanical service failures are caused by
fatigue at cyclic stresses far below the ultimate or yield
strengths of the materials involved!. Therefore, fatigue
endurance of a structural material is a pivotal criterion to evaluate
whether it can be reliably used in practical engineering environ-
ments. To improve the fatigue endurance of a material, one of the
common methods is to improve its fatigue strength by introdu-
cing intermetallic precipitates for hardening!. However, a reduced
fatigue-crack-initiation resistance as a harmful side effect due to
the introduction of additional phase interfaces is always accom-
panied in this conventional alloy-design wisdom. This trend is
particularly obvious when the materials repeatedly undergo low
plastic deformation, i.e., low plastic strain amplitudes, such as the
case of structural components being constantly impacted.
Therefore, the conventional alloy-design strategies encounter the
dilemma of improving both fatigue strength and fatigue-crack-
initiation resistance. Recently, a new alloy-design concept, called
high-entropy alloys (HEAs), shows great potential in enhancing
materials’ mechanical performance?=. The diverse characteristics
in HEAs, such as severe lattice distortion, multicomponent pre-
cipitates, short-range ordering (SRO), and tunable stacking-fault
energies (SFE)!%11, can be utilized to improve materials fatigue
performance!?~18. Particularly, atypical ductile multicomponent
intermetallic phases, recently observed in HEAs and distinct from
brittle intermetallics, can enhance the strength without sacrificing
too much ductility”-1929, Such an interesting character is believed
to affect significantly mechanical behaviors, including the cyclic
plastic-deformation behavior that has not been reported yet.
Inspired by this idea, here we design a multicomponent B2
precipitates-strengthened HEA to improve the fatigue perfor-
mance of structural materials. We find that the designed alloy
shows at least four times longer fatigue life than other conven-
tional alloys at a low plastic strain amplitude of ~0.03% by
incorporating the ductile-transformable multicomponent B2
precipitates, exhibiting enhanced fatigue-crack-initiation resis-
tance. The underlining mechanisms are revealed by using the
state of the art real-time in situ neutron diffraction and advanced
electron microscopies together with the crystal-plasticity model-
ing and Monte-Carlo (MC) simulation. As a result, we show that
the design idea by integrating ductile-transformable multi-
component intermetallic precipitates and providing various
beneficial cyclic-deformation mechanisms leads to a new direc-
tion of designing advanced fatigue-resistant alloys.

Results

Microstructures. The studied AlysCoCrFeNi alloy has the face-
centered cubic (FCC) matrix and the multicomponent
B2 strengthening precipitates verified by the high-energy X-ray
diffraction (HEXRD) (Fig. la) and electron-backscattered dif-
fraction (EBSD) phase map (Fig. 1c). The lattice parameters of
FCC (3.593 A) and B2 (2.874 A) phases were determined from the
Rietveld refinement of the HEXRD data. The refined phase
fraction of the B2 phase (~12%) is consistent with the EBSD-
phase-map measurement. The B2 precipitates exhibit three dif-
ferent hierarchical morphologies, ie., the fine and dense B2
precipitates with blocky and needle shapes within the FCC grains
and the coarse band-like B2 phase located at the parent grain
boundaries (Fig. 1b, ¢). The FCC phase has a nominal grain size
of ~9 um (Fig. 1d). Fig. le shows the selected-area electron dif-
fraction (SAED) pattern along FCC’s [011] and B2’s [001] zone
axes. It is noted that the FCC matrix and the B2 precipitates
satisfy the Kurdjumov-Sachs (K-S) crystallographic relationship,
ie, {111}gcc//{110}gs; <110>pcc// <111> 5. The chemical com-
positions of the FCC and B2 phases determined by energy-
dispersive spectroscopy (EDS) are given in Fig. 1f and

Supplementary Fig. 1. Correspondingly, the configuration
entropies of the FCC and B2 phases were calculated as 1.54 R and
1.5 R, respectively, which meet the HEAs’ definition®10. The B2
phase is rich in Ni and Al elements, indicative of the NiAl-type B2
phase.

Tensile and fatigue properties. A monotonic uniaxial tension
test shows that this alloy has a good combination of the yield
strength (493 + 4 MPa), work hardening (>1000 MPa throughout
the uniform deformation), and ultimate tensile stress of 973 + 25
MPa with the ductility up to 40 +2% (Fig. 2a). Regarding the
cyclic performance, Fig. 2b presents the evolution of stress
amplitudes with the number of cycles under different strain
amplitudes. Obviously, the cyclic stress response (CSR) and
fatigue life depend on the applied strain amplitudes. As the strain
amplitude increases, the stress amplitude increases, but the fati-
gue life decreases. Moreover, changing from cyclic hardening to
softening, and/or saturation was also observed with increasing
fatigue cycles. The stress amplitude increased rapidly in the initial
stage of cycling, followed by cyclic softening and/or saturation.
The selected hysteresis loops of the strain amplitude of +1%
depict the obvious initial cyclic hardening (Fig. 2c and Supple-
mentary Fig. 2). At larger strain amplitudes (=+1%), a slight
cyclic softening was observed after the initial hardening, and then,
a cyclic saturation was reached until fracture. However, an
obvious cyclic softening happened until fracture when the applied
strain amplitude was smaller than +1% (Fig. 2b).

The fatigue life of this HEA was evaluated by the strain/stress-
life equations, ie., Basquin and Coffin-Manson laws (Supple-
mentary Note 1 and Supplementary Table 1)21-23. Correspond-
ingly, the relationship of the total strain amplitude, elastic-strain
amplitude, and plastic strain amplitude as a function of the
number of reversals to failure (2N is plotted in Fig. 2d. It is
worth noting that a bilinear Coffin-Manson rule was observed in
the relationship of the fatigue life versus plastic strain amplitude,
suggesting a transition of the cyclic-deformation mode with the
applied strain amplitudes, as depicted by the cartoon in Fig. 2d.
Fig. 2e shows the comparison of the relationship of a reversal to
failure (2Nj) versus plastic strain amplitude that excluded the
contribution of the elastic strain due to different material stiffness
for the present alloy and other conventional alloys?4-37. At high
plastic strain amplitudes (>103), the studied HEA shows
comparable low-cycle fatigue (LCF) properties with other
traditional materials. However, at low plastic strain amplitudes
(<1073), the studied HEA exhibits a much longer fatigue life than
those materials, as reflected by the smaller slope of plastic strain
amplitude versus 2Nz Most pointedly, compared to other
traditional precipitation-strengthened alloys, the multicomponent
B2 precipitates-strengthened HEA exhibits the outperforming
LCF resistance at low strain amplitudes. For example, at the
plastic strain amplitude of ~0.03% level, the current HEA shows
at least four times longer life than conventional alloys.

In situ neutron-diffraction studies. The fatigue performance of
the precipitates-hardened alloy was unraveled by real-time in situ
neutron diffractions. Fig. 3a presents the lattice strain versus
applied tensile stress along the longitudinal and transverse
directions (LD and TD) for the selected orientations in both FCC
and B2 phases, respectively. A linear response of the lattice strain
to the applied stress is found during the elastic range. Different
slopes among various grain families and phases are due to the
elastic anisotropy. In the FCC phase, the grain subset with a
diffraction peak of {200} along the LD is the hardest among the
grain subsets investigated, while {111} and {220} grain subsets are
soft. Interestingly, the lattice strains in the B2 phase are
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Fig. 1 Phase and microstructural information of the studied HEA. a HEXRD of the AlgsCoCrFeNi alloy, showing the presence of FCC and B2 phases (the
diffraction peaks of FCC and B2 phases are indexed as F-hkl and B-hkl, respectively). b Back-scattering electron (BSE) image of the studied alloy, presenting
the three different morphologies of the B2 phase. ¢, d EBSD-phase map and corresponding grain-orientation image, respectively. e SAED patterns of FCC
and B2 phases along FCC's [011] and B2's [001] directions, indicating the K-S crystallographic relationship between the FCC matrix and the B2 precipitates.
f Chemical compositions of the FCC and B2 phases determined by EDS. The errors are determined based on EDS counting statistics.
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Fig. 2 Tensile and LCF results of the Al, sCoCrFeNi alloy. a Uniaxial tensile curve of the AlgsCoCrFeNi alloy at RT (an inset figure shows its working-
hardening rate versus true strain). b Cyclic stress response (CSR) curves of the AlgsCoCrFeNi HEA at different strain amplitudes. ¢ Hysteresis loops of the
AlosCoCrFeNi HEA at selected numbers of cycles fatigued at the strain amplitude of +1%. d Total strain amplitude, elastic-strain amplitude, and plastic-
strain amplitude versus the number of reversals to failure (2Np), displaying the presence of a bilinear Coffin-Manson relationship that signifies a variation of
the cyclic-deformation modes (cartoon figure). e The comparison of Coffin-Manson fatigue data for the present alloy and other conventional alloys,

showing the superior LCF properties of the studied HEA at low strain amplitudes, relative to other conventional alloys (open-circle and solid-circle symbols
represent single-phase and precipitation-strengthened alloys, respectively)24-37.
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Fig. 3 Real-time in situ neutron-diffraction results. a Lattice strain as a function of applied stress during the uniaxial tension. b The evolution of FWHM as
a function of stress along the transverse direction during tension [The inset is a two-dimensional (2D) contour map showing the evolution of the B2-{110}
d-spacing], indicating the presence of martensitic transformation. ¢ Lattice-strain evolutions of the FCC-{111} and B2-{110} at selected first, second, and
fifth cycles along the loading direction. d The relationship of the B2-[110] FWHM versus applied stress along longitudinal and transverse directions at the
50th cycle with the strain amplitude of £1.75%. e The evolution of FWHMg/d versus the number of cycles at the strain amplitudes of £0.5%, £1%, and
+1.75%. f In situ neutron diffraction peak-intensity evolution at different fatigue cycles along longitudinal and transverse directions at the strain amplitude
of 1.75%. The error bars in all the figures are obtained from the uncertainties of the single-peak fitting on hk/ diffraction peaks.

significantly larger (nearly ten times) than those of the FCC
phase, especially the B2-{200} and {310} grains. It manifests that
the B2 phase continuously bears more stress after yielding. A
similar load partition was also observed during the cyclic loading
(Fig. 3¢). As the cyclic strain amplitude increases, more energy is
dissipated in both the B2 and FCC phases, as evidenced by the
increased area of the hysteresis loop (Fig. 3c).

Fig. 3b exhibits the evolution of the peak full width at half
maximum (FWHM after subtracting the instrument contribu-
tion) of B2-{110} as a function of stress along LD and TD during
tension. The FWHM of B2-{110} along TD increased significantly
when the stress exceeded about 443 MPa (near the yield strength),
but the FWHM along LD did not increase so much. The
abnormal increase of FWHM along TD is due to the stress-
induced martensitic transformation (SIMT), rather than a simple
dislocation evolution, as further evidenced by the separation of
the B2-{110} peak along TD (the inset figure in Fig. 3b). This
phase-transformation behavior was also evidenced by in situ
HEXRD patterns (Supplementary Fig. 3). Obviously, this SIMT
shows a preferred orientation, which is B2-{110}//TD, similar to a
previous report3®. The SIMT causes the overlap of the peaks
belonging to B2 and new martensite phases, leading to the
abnormal peak broadening of the B2-{110} peak along TD.
During cyclic loading, similar abnormal peak broadening was also
observed in the selected cycles corresponding to the strain
amplitudes of 1.75 and 1% (Fig. 3d and Supplementary Fig. 4a),
but not under the strain amplitude of 0.5% (Supplementary
Fig. 4b). It suggests that SIMT obviously occurs at high strain
amplitudes, but may happen at low strain amplitudes where the
volume fraction of the newly-formed martensite could be too low
to be detected during in situ neutron diffraction. Indeed, the
SIMT occurs at low strain amplitudes, as evidenced by the ex situ
HEXRD patterns (Supplementary Fig. 5b, c). Since the neutron-
diffraction signal was not good enough for revealing the

martensite structure, we used the synchrotron diffraction range
where the peak separation is obvious to determine the
martensite’s structure (Supplementary Fig. 6). The martensite
phase kept a crystallographic relationship with the parent B2
phase, i.e., B-(110)//M-(020), B-(002)//M-(200), and B-(110)//M-
(001)38. The lattice parameters of the newly-formed martensite
were determined to be a =2.831 A, b=4.076 A, and c = 4.141 A,
an orthorhombic structure.

The dynamic evolution of the dislocation density is qualita-
tively established by analyzing the FWHM to understand the
cyclic hardening and softening behavior in CSR. FWHM is
related to the dislocation density by the proportional relation® of

FWHMzG#hkl

(1)
dlzlklbcr

p x

where p is the total density of randomly-distributed dislocations,
hkl is the Miller index, FWHMg is the Gaussian component of
the FWHM of the peak obtained from the single-peak fitting by
the pseudo-Voigt function in the general structure analysis
system (GSAS)#, d is the lattice-plane spacing, b is the magnitude
of the Burgers vector, and C, is the contrast factor related to the
dislocation type (edge or screw)l.

The representative diffraction peaks of FCC’s {111} and B2’s
{110} along LD (not broadened by SIMT) were used to extract
their corresponding FWHM, respectively. All the FWHMSs were
obtained in the load-free condition during cyclic loading. Fig. 3e
shows the evolution of FWHMg/d of the {111} peak of the FCC
phase and the {110} peak of the B2 phase at the strain amplitudes
of 0.5, 1, and 1.75%. At the low strain amplitude of 0.5%,
FWHMg/d of the FCC-{111} and B2-{110} peaks exhibited a
stable stage at the first 250 cycles, and then, quickly increased to a
higher level until 500 cycles. Later, a steady stage appeared from
the 500th cycle to the 1500th cycle, and finally with a decrease
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until the 3000th cycle. It indicates that three obvious cyclic stages
were present at the strain amplitude of 0.5%: (i) the dislocation
rapid multiplication—cyclic hardening; (ii) the balance between
the dislocation multiplication and annihilation—cyclic saturation;
and (iii) the reduced dislocation density—cyclic softening. In
contrast, at higher strain amplitudes of 1 and 1.75%, a rapid
increase of FWHMg/d happened in the first few cycles, then
followed by a steady stage. No obvious decrease of FWHMg/d
was found at the later stages, indicating the absence of obvious
cyclic softening at high strain amplitudes (=1%). Note that similar
trends of dislocation-density evolutions are also seen in the
convolutional-multiple-whole-profile (CMWP) profile analysis>®
at the strain amplitude of 1% (Supplementary Note 2 and
Supplementary Fig. 7). Since the whole-profile analysis requires
high-quality diffraction patterns, we only evaluate the dislocation
activity using the relationship of FWHMg/d versus cycles,
considering that not good enough diffraction signal during real-
time loading. Interestingly, the B2 phase is plastically deformable
at all the three strain amplitudes, as demonstrated by the greatly
increased FWHMg/d, which is caused by the stored dislocations,
as presented by later TEM observations. The plastically-
deformable B2 phase implies that stress relaxation and strain
partitioning occur between the FCC matrix and B2 precipitates,
which can relieve the stress concentration during cyclic loading.
The real-time monitored cyclic-response behaviors at the strain
amplitudes of 0.5, 1, and 1.75% are consistent with their
corresponding CSRs in Fig. 2b.

Twinning micromechanical behavior in the FCC phase during
LCF was also dynamically detected by in situ neutron
diffraction*>43. In an FCC structure, <111>, <220>, and <331>
orientations favor the deformation twinning. Here the <220>
orientation is selected to probe the twinning behavior. Fig. 3f
shows the evolutions of the normalized intensity versus cycles
along LD and TD at the strain amplitudes of 1.75%. In the
<220>//LD orientation, both the dislocation slip and twinning
decrease the <220> intensity in tension?244. In Fig. 3f, we
observed the gradually-decreased peak intensity in tension
(highlighted by the red arrows) with the increase of cycles at
the strain amplitude of 1.75%, but not in the case at the strain
amplitudes of 1% (Supplementary Fig. 8). This trend is due to the
extra contribution from deformation twinning as a result of the
higher stress amplitude at the strain amplitude of 1.75% that
leads to the peak intensity in tension more negative as the cycle
increases. Thus, it indicates that the deformation twinning
occurred at the high strain amplitude of 1.75%, but not at the
intermediate strain amplitudes, 1%. The real-time captured
twinning behavior is directly supported by later TEM
characterizations.

Crystal-plasticity modeling. An elastic viscoplastic self-
consistent (EVPSC) model incorporated with the martensitic
transformation predicted well the internal strain evolution,
macroscopic stress-strain curves, and phase-transformation
behavior under both monotonic and cyclic deformations (Sup-
plementary Fig. 9 and Supplementary Table 2). The cyclic
response was simulated by employing a kinematic-hardening law
that is related to the back stress#>. Through the crystal-plasticity
modeling, we know that the large lattice strain in the B2 phase is
mainly ascribed to three factors: the B2’s small elastic moduli
(Supplementary Table 3), the increasing stress in the B2 phase
(Supplementary Fig. 9¢), and more importantly, the martensitic
transformation in the B2 phase. We can also conclude that this
multicomponent B2 phase predominantly deforms by the {110}
<001> cube slip mode typical of the NiAl-type B2 phase and the
martensitic transformation.

Microstructure  evolution during cyclic deformation.
Figure 4a-h display the deformation features from the low strain
amplitude of 0.25% to the highest strain amplitude of 1.75% after
the LCF testing. At the low strain amplitudes (below 1%), the
dislocation slips, including cross slips and planar arrays, prevailed
(Fig. 4a-d). As the strain amplitude increased to 1%, dislocation
cells were formed, resulting from the extensive cross slips of
dislocations in the FCC matrix. No deformation twinning was
observed at the strain amplitude of 1% after screening more than
20 grains, in line with the in situ neutron results (Supplementary
Fig. 8). When the strain amplitudes further increased to 1.75%,
elongated dislocation cells were found, separated by much denser
and severely-tangled dislocations. Moreover, deformation
nanotwins were found, as presented in the bright-field (BF) TEM
image (Fig. 4g and Supplementary Fig. 10) and high-resolution
TEM (HRTEM) (Fig. 4h). Note that the deformation twins
formed in the severely-tangled dislocations region (highlighted by
the dashed box in Fig. 4g). This is because the formation of
deformation twinning requires a sufficient resolved shear stress to
reach the critical stress of twinning®. The critical stress of
twinning of the studied alloy is calculated as high as 1233 MPa at
room temperature (RT) (Supplementary Note 3)%, leading to the
difficulty in forming deformation twins during monotonic load-
ing at RT (Supplementary Fig. 11). However, the deformation
twinning formed during cyclic loading when the strain amplitude
was larger than 1%, where the maximum stress was only about
733 MPa. It is because that the dislocations are more tangled and
denser at high cyclic-strain amplitudes than those at low cyclic-
strain amplitudes and during monotonic tension, leading to the
local shear stress easily beyond the critical stress of twinning.
At all strain amplitudes, dense dislocations piled-up around the
B2-phase boundaries, due to the strain incompatibility of the FCC
and B2 phases. Upon the cyclic testing, the plastic deformation
occurred firstly in the soft FCC matrix, leading to the great
increase of the dislocation density by the multiplication and
rearrangement of dislocation substructures in the FCC matrix. In
contrast, the hard B2 precipitates acted as obstacles and resisted
the plastic deformation, which hindered the further movements
of dislocations, and the internal interphase stress developed,
contributing to the cyclic strain hardening. As the cycle and cyclic
strain increased, the plastic deformation propagated gradually
into the hard B2 phase, as evidenced by the severely-stored
dislocations in the B2 phase (Fig. 4 and Supplementary Fig. 10).
Interestingly, the B2 phase also experienced eminent plastic
deformation at low strain amplitudes (Fig. 4a, b and Supplemen-
tary Fig. 5a-c), implying that the martensitic transformation also
occurs at the low strain amplitudes, as demonstrated by the
ex situ HRXRD results on the strain amplitude of 0.25%
(Supplementary Fig. 5b, c). The heterogeneous deformation
between the hard B2 and soft FCC phases raised a localized stress
concentration between their boundaries and caused microcracks.
However, unlike the traditional binary NiAl B2 phase, the
multicomponent NiAl-rich B2 phase can be subjected to more
plastic deformation and martensitic transformation, which
provided necessary accommodation between the FCC and B2
phases, resulting in the relaxation of the severe stress concentra-
tion and retarding the initiation of microcracks. As shown in
Fig. 4i, very few microcracks were initiated at the low strain
amplitude (0.25%), indicating the high fatigue-crack-initiation
resistance, and thus, resulting in a longer fatigue life at low strain
amplitudes of the studied HEA (Fig. 2e). Even though more
cracks formed at high strain amplitudes, e.g., 1.75%, those
microcracks mainly initiated and propagated near the larger
band-like B2 precipitates with longer incoherent interfaces where
the stress concentration cannot be effectively accommodated
(Fig. 4j). However, near the fine B2 precipitates, the circle-like
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cracks were formed with blunted crack tips, suggesting that the
fine B2 phase could act as efficient crack arresters to inhibit crack
propagation and coalescence during cyclic deformation8. Thus,
the fine ductile-transformable B2 phase enhanced the fatigue-
crack-initiation resistance and improved the fatigue life.

MC simulations. Further, first-principles calculations and MC
simulations revealed the ductile-transformable character of the
multicomponent B2 phase. The site occupancy of the B2 phase
was determined by the changes in the first nearest neighbor
bonding at the end of the MC simulation (Fig. 5a). The changes
were relative and calculated, using A = (n'- n)/n x 100% where n
is the number of the first nearest bonds of a given atom type, and
n'is the corresponding number after the MC simulation. From
Fig. 5b, we can see that a stronger site preference is in the BCC
phase, while the FCC phase is more of a random solid solution,
except that Al-Al bonds are strongly unfavorable. In the BCC
phase, the largest decrease of bonds happens for Al-Al, Co-Co,
Cr-Al, and Ni-Co bonds, indicating that Al and Co are confined
to separate sublattices. Also, Cr and Al are on the same sublattice,
and so are Ni and Co. Meanwhile, Al and Cr are on the same
sublattice from the fact that Co-Al and Co-Cr bonds both
increase. Also, Ni and Al are assumed to form the basis of the two
sublattices. As for Fe, its occupancy can be deduced from the fact

that the composition on either sublattice should add up to 50%.
Therefore, for this material, the site occupancy can be determined
as Al, Cr, and Fe on one sublattice and Co and Ni on the other.

During the MC simulation, the lattice vectors of the BCC phase
were set to the experimental lattice parameters (Fig. 5c), but the
atoms undergo obvious local distortions after relaxation (Fig. 5d).
Due to the strong local distortions, a significant change in the
lattice parameter happens. In the unit highlighted in Fig. 5e, f, we
can measure that a =3.014 A, b=2.902 A, and ¢=2.571 A, an
orthorhombic structure, indicating a possible martensitic trans-
formation can occur in the B2 phase.

We also calculated the planar fault energies in this multi-
component B2 phase to reveal its strengthening effect and plastic
deformability. Due to the K-S orientation relationship between FCC
and B2 phases, we mainly focused on the stacking faults of the {110}
planes in the B2 phase. In addition to the orthorhombic structure
from the MC simulation, we considered two additional partially-
ordered B2 structures for comparison. One has Ni and Co on one
sublattice and the rest of the elements on the other sublattice (B2-1),
as determined from the simulation. A second possible B2 phase (B2-
2) for comparison has Ni and Fe on one sublattice and Al, Co, and
Cr on the other, which is derived from the B2 compound, AlFe®.
Unlike the FCC structure, the B2 structure does not have stable
stacking faults where only full dislocations are allowed. Whereas for
the ordered B2 structures, we have antiphase boundaries (APB) as an
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addition. Whichever case it is, only dislocations with Burgers vectors
of by = [111]/2 or their equivalent are permissible for the slip in the
B2 phase (Fig. 5g). Given the K-S relationship, we can easily see that
the full dislocation in the FCC matrix is parallel to b; or its
equivalent, whereas Shockley partials of (112)a/6 kind are not. This
feature means that the movement of these dissociated dislocations
would be hindered by the B2 phase. The leading partial has to wait
for the trailing partial to recombine before they can shear through the
B2 phase, providing potential strengthening to the material. Fig. 5h
presents the APB energies of the possible configurations of the
multicomponent B2 and its transformed variant, an orthorhombic
structure. The pure NiAl B2 has a high APB energy of 0.697 eV/m?,
which is a commonly-accepted reason for the brittleness of
traditional B2-strengthened materials. Obviously, all the possible
configurations of the multicomponent B2 have lower APB energies
than the pure NiAl B2 phase (Fig. 5h). The APB energy measures the
level of difficulty of changing from one configuration to another. If a
configuration has a very low or negative APB energy, it can easily
transform to another stacking, indicative of less stability. On the
contrary, it is harder to deform a configuration with higher APB
energies, which in turn shows that the structure itself is more stable.
Thus, we can conclude that the B2 phase with Ni and Co on one
sublattice and other elements on the other is the most stable
configuration due to its highest SFE. It is consistent with the
configuration deduced from bond changes during MC simulations.
Regardless of which configuration the B2 phase has, the addition of
more elements lowers the APB energy, compared to that in the
binary NiAl B2, which enables more plastic deformations.

Discussion

The ductile-transformable character of the multicomponent B2
phase plays a critical role in strengthening the fatigue-crack-
initiation resistance, leading to the enhanced fatigue life at low
strain amplitudes. Once the microcracks are initiated, the
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annihilation rate of dislocations is accelerated, resulting in cyclic
softening and shortening the fatigue life. Another cyclic-softening
source may be related to the SRO or the not high SFE (~49 m]J/
m?)>0 in this HEA, causing the slip planarity and leading to the
strain localization?*. In this alloy, Al-Ni and Cr-Fe are the pos-
sible SRO pairs in the FCC matrix, as suggested by the large
increased Al-Ni and Cr-Fe bonds in the FCC phase (Fig. 5b).
Once the SRO is broken down by the leading dislocation, the
following dislocation faces a lower resistance to slip, contributing
to the cyclic softening. Due to the presence of SRO, the planar slip
tended to form, as manifested by the observed planar arrays
(Fig. 4b). However, the slip planarity is not obvious at low strain
amplitudes, compared to that at high strain amplitudes, by looking
at the low-magnification surface feature (Fig. 4k, 1). Moreover, the
strain localization caused by the slip planarity did not result in
obvious cracks. Instead, microcracks mainly initiated near the
large band-like B2 phase. Both the formation of microcracks and
the presence of SRO are responsible for the late-stage cyclic
softening at low strain amplitudes (<1%). At high strain ampli-
tudes (>1%), the deformation twinning occurred, which acted as
barriers to hinder the further dislocation movement, and then
notable cyclic hardening can be achieved to overcome the soft-
ening caused by the microcracks and SRO effect. Thus, the cyclic
stability was observed after initial hardening at high strain
amplitudes (>1%) (Figs. 2b and 3e). The overall understanding of
the evolution of cyclic-deformation mechanisms versus the strain
amplitudes is summarized in Fig. 6a.

Our results demonstrate that fatigue life can be improved at
low strain amplitudes by incorporating multicomponent ductile
and transformable intermetallic precipitates, superior to other
reported traditional intermetallic precipitates-strengthened alloys,
and meanwhile, maintaining comparable fatigue life at high strain
amplitudes. The fine ductile-transformable B2 phase effectively
retards the initiation of microcracks due to the effects of stress
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relaxation and strain partitioning during plastic deformation and
martensitic transformation (Fig. 6b), which are beneficial to
relieve cyclic accumulation of damage caused by the deformation
incompatibility between the B2 and FCC phases®!. The ductile-
transformable character of the multicomponent B2 phase results
from its lower APB energy and strong local lattice distortions,
making it easily transform to an orthorhombic structure. Such
transformation can alleviate the need for five independent dis-
location slip systems that are usually difficult to meet in tradi-
tional intermetallics by offering an alternative deformation
pathway®2. Thus, even though their size is large (up to ~5 pum),
the B2 phase can still deform plastically, distinct from the tra-
ditional intermetallic precipitates that cannot bear too much
plasticity in such large sizes. Certainly, once the B2’s size is too
large, like the band-like B2 phase, it becomes easy to initiate
microcracks due to longer incoherent interfaces (Fig. 6b and
Supplementary Fig. 12). Nevertheless, the study suggests that the
multicomponent B2 phase could not only strengthen the soft FCC
matrix but also coordinate the overall plastic deformation during
monotonic and cyclic loadings. Furthermore, the deformation
twinning can also be induced during cyclic loading in a
precipitation-strengthened HEA that is usually difficult to be seen
during monotonic deformation at RT, providing additional
strengthening for improving fatigue life. Our work provides a full
picture to understand the cyclic-deformation mechanisms in the
multicomponent B2 precipitates-strengthened HEA, and guides
the design of fatigue-resistant alloys by introducing ductile-
transformable multicomponent intermetallic precipitates that can
be easily achieved by tuning HEAS’ compositions and thermo-
mechanical processing.

Methods

Sample preparation. A large plate of Al, sCoCrFeNi (~203 x 305 x 76 mm) has
been fabricated, employing a vacuum-induction melting method. The large ingot
was then hot rolled with a reduction of 60% at 1150 °C to reduce casting defects and
refine grain sizes. After hot rolling, the samples were annealed at 1000 °C for 1 h to
obtain a recrystallized microstructure and a certain amount of B2 precipitates.

Mechanical tests. The specimens for the LCF tests with an 8-mm diameter and
16-mm gauge length were machined along the rolling direction, according to the
American Society for Testing and Materials (ASTM) Standard, E606-04e> with a
dog-bone shape. After sample machining, the surfaces of the LCF samples were

polished to 1200 grits. The monotonic tension and fully-reversed strain-controlled
LCEF tests were performed at RT, using an MTS Model 810 servohydraulic machine.

The monotonic tension was performed at RT with a strain rate of 1 x 1073 s~ 1. The
LCF tests were conducted in a wide strain amplitude range from +0.1% to +1.75%
with a triangular loading waveform under a continuous-loading condition. The
LCF tests were performed at the strain rate of 1 x 1072571, and the initial loading
is tension. All the strains were measured by an MTS extensometer.

Microstructural characterizations. The studied alloys were characterized before
and after LCF tests, using SEM, EBSD, EDS, and TEM techniques. The micro-
structure was characterized, by SEM, employing a Zeiss EVO scanning-electron
microscope equipped with the backscattering electron (BSE), EDS, and EBSD
detectors. The crystal structures of this multiphase alloy were identified by HEXRD
with a wavelength of 0.117418 A on the 11-ID-C beam line at the Advanced
Photon Source (APS), Argonne National Laboratory. The specimens for SEM and
EBSD were initially polished to mirror finish, using the 1200-grit SiC paper and,
subsequently, vibratorily polished, employing the 0.05-pm SiC suspension for the
final surface clarification. The TEM was performed on a ZEISS LIBRA 200 HT FE
MC. Thin foils for the TEM observations were electrical-discharge machined
(EDM) from the gauge section of ruptured samples. The thin foils converted into 3-
mm-diameter disks for the TEM observations were prepared by twin-jet polishing,
using an electrolyte consisting of 95% (volume percent) ethanol and 5% perchloric
acid in a volume fraction at a temperature of —40 °C and an applied voltage of
30 V. The examination of many specimens, including foils from the undeformed
section, exhibited that very few artifact dislocations were produced by this TEM
sample-preparation technique.

In situ neutron-diffraction measurements. In situ neutron-diffraction experi-
ments subjected to tension and fully-reversed strain cycling were performed, using
an MTS load-frame on the VULCAN Engineering Materials Diffractometer at the
Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL)>%.
Low, intermediate, and high strain amplitudes of +0.5%, £1%, and +1.75% were
chosen for the in situ neutron-diffraction continuous measurements, respectively.
The selected cycles for neutron diffraction were recorded with a strain rate of
~7.4%107%s~1, while other fatigue cycles were with a strain rate of 1 x 10725~ L.
Moreover, the strain amplitude at +1% was also measured, using the holding mode
for the CMWP analysis. The collected data were reduced and analyzed, employing
the VULCAN Data Reduction and Interactive Visualization softwarE (VDRIVE)>.
The hkl plane-specific lattice strain of each respective phase is determined by

en = (djgg — d))/dhy, where dSy; and dy, are the reference lattice d-spacing in
the stress-free state and the lattice d-spacing during loading, respectively.

Crystal-plasticity modeling. For completeness, a brief description was provided
for the EVPSC model that incorporated martensitic transformation, whose detailed
description can be found elsewhere®”> °8. In the EVPSC model, the polycrystalline
aggregate is treated as a homogeneous effective medium (HEM) and each grain as
an ellipsoidal inclusion. Their interaction is obtained through the Eshelby’s solu-
tion. The model simultaneously solves series of nonlinear differential equations
consisted of the elastic-viscoplastic single-crystal constitutive relations, the Eshel-
by’s solution for the interaction between each grain and the HEM, and the self-
consistency criterion. The EVPSC model is well suited to interpret the measure-
ments provided by neutron diffraction since the intrinsic characters of both
techniques are consistent with each other.
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The plastic deformation is accommodated by 12 {111}<110> slip systems in the
FCC phase, 6 {111}<001> slip systems, and 24 phase-transformation variants,
{0.50.50.7071}<0.50.50.7071> in the B2 phase. The threshold stress, g*, of the
deformation system, a, is given by

~ o o o ear
=g +(g1+911")<1—exp<— ;a>> )

1

where 6 and 6 are the initial and the asymptotic hardening rates, g and g§ + g
are the initial and the back-extrapolated critical resolved shear stresses (CRSS),
respectively. I'is the total accumulated shear strain over the shear strain, y*, of all
deformation systems (i.e., I' =Y, [|dy®|) in the grain. The evolution of the back
stress, Ty, for the deformation system, «, is given by
= & sgn(M S| — oy Sh 1 3)

where the first term is the linear kinematic hardening, and the second term is the
dynamic recovery. £ and 1" are the corresponding coefficients of the two terms.
sgn is the sign function. * and ® are the shearing rates for slip systems of « and 3,
respectively. h*” are the latent hardening coupling coefficients which empirically
account for the obstacles on the system, a, associated with the system, §, activity.

In the current model, the newly-formed martensite is treated as a hard
inclusion, whose elastic constants and hardening parameters are set three times
larger than those of the B2 phase. The elastic constants of the FCC and B2 phases
that were determined, using the Kroner model®, are listed in Supplementary
Table 3. Based on their lattice relation between the B2 and martensite phase, the
volume change associated with the phase transformation is negligible, and hence,
the primary strain is shear (yPT = 4.3%).

The rate of the volume fraction, fﬂ, of the phase transformation variant, f3, is
governed by a power-law relation

|

e »
&

where fo = 0.001/s is a reference value. 7# and g# are the resolved shear stress and

threshold stress for the variant, f3, respectively. m is the rate sensitivity.

Though the phase-transformation-induced strain is plastic, it simultaneously
changes the lattice of the material. Therefore, in the calculation of the internal
elastic strain, the contribution from the phase-transformation-induced strain is also
considered.

MC modeling. We use a MC method to determine the atomic arrangements in the
B2 precipitates and the FCC matrix, respectively. We start with simulation cells
representing systems of interest according to experimental results. We then find the
most energetically-favorable atomic arrangement by applying a Metropolis MC®0
algorithm, during which randomly-selected pairs of atoms are swapped. These
swaps are accepted with the probability of p = min {1, exp(—AE/kyT)}, where AE
is the change of the energy associated with the MC move, kg is the Boltzmann
constant, and T is the temperature. The energy and the configuration of this step
are recorded, and the process will be repeated until convergence is achieved. The
FCC cell consists of 6 {111} planes with a total of 54 atoms and a composition of
4Al-13Co-14Cr-13Fe-10Ni in terms of the number of atoms. The BCC cell also
contains 54 atoms in the form of 6 {110} layers. The composition is
14A1-9Co-5Cr-7Fe-19Ni.

All energies are calculated, using the plane-wave-based density functional
theory code, Vienna Ab initio Simulation Package (VASP)®l 2, The projector
augmented wave method®® based pseudopotentials are used, and the exchange
correlation is described by Perdew, Burke, and Ernzerhof®4, with the valence
electron configurations being s2p! for Al, 3d%4s! for Co, 3d°4s! for Cr, 3d74s! for
Fe, and 3d%4s? for Ni. The Monkhorst-Pack k-point mesh®® for the Brillouin zone
integration is 3 x 3 x 3. During relaxation, all degrees of freedom are allowed to
relax, until forces on all atoms are smaller than 10~2eV/A. Due to the magnetic
nature of these elements, spin polarization is enabled in our calculations.

Data availability
The data that support the findings of this study are available from the corresponding
author upon reasonable request.

Received: 19 September 2019; Accepted: 19 March 2021;
Published online: 11 June 2021

References

1. Suresh S. Fatigue of materials. Cambridge university press (1998).

2. Yeh, J. W. et al. Nanostructured high-entropy alloys with multiple principal
elements: novel alloy design concepts and outcomes. Adv. Eng. Mater. 6,
299-303 (2004).

10.

11.

12.

13.

14.

15.

16.

17.

18.

19.

20.

21.

22.

23.

24,

25.

26.

27.

28.

29.

30.

31.

32.

Cantor, B., Chang, I, Knight, P. & Vincent, A. Microstructural development
in equiatomic multicomponent alloys. Mater. Sci. Eng. A 375, 213-218
(2004).

Zhang, Y. et al. Microstructures and properties of high-entropy alloys. Prog.
Mater. Sci. 61, 1-93 (2014).

Gludovatz, B. et al. A fracture-resistant high-entropy alloy for cryogenic
applications. Science 345, 1153-1158 (2014).

Diao, H. Y., Feng, R., Dahmen, K. A. & Liaw, P. K. Fundamental deformation
behavior in high-entropy alloys: an overview. Curr. Opin. Solid State Mater.
Sci. 21, 252-266 (2017).

Yang, T. et al. Multicomponent intermetallic nanoparticles and superb
mechanical behaviors of complex alloys. Science 362, 933-937

(2018).

Lei, Z. et al. Enhanced strength and ductility in a high-entropy alloy via
ordered oxygen complexes. Nature 563, 546-550 (2018).

Li, Z., Pradeep, K. G., Deng, Y., Raabe, D. & Tasan, C. C. Metastable high-
entropy dual-phase alloys overcome the strength-ductility trade-off. Nature
534, 227-230 (2016).

Miracle, D. B. & Senkov, O. N. A critical review of high entropy alloys and
related concepts. Acta Mater. 122, 448-511 (2017).

George, E. P., Raabe, D. & Ritchie, R. O. High-entropy alloys. Nat. Rev. Mater.
4, 515-534 (2019).

Thurston, K. V. S. et al. Effect of temperature on the fatigue-crack growth
behavior of the high-entropy alloy CrMnFeCoNi. Intermetallics 88, 65-72
(2017).

Tang, Z. et al. Fatigue behavior of a wrought Al, sCoCrCuFeNi two-phase
high-entropy alloy. Acta Mater. 99, 247-258 (2015).

Hemphill, M. et al. Fatigue behavior of Al sCoCrCuFeNi high entropy alloys.
Acta Mater. 60, 5723-5734 (2012).

Shukla, S., Wang, T., Cotton, S. & Mishra, R. S. Hierarchical microstructure
for improved fatigue properties in a eutectic high entropy alloy. Scr. Mater.
156, 105-109 (2018).

Niendorf, T., Wegener, T., Li, Z. & Raabe, D. Unexpected cyclic stress-strain
response of dual-phase high-entropy alloys induced by partial reversibility of
deformation. Scr. Mater. 143, 63-67 (2018).

Lam, T.-N. et al. Enhancement of fatigue resistance by overload-induced
deformation twinning in a CoCrFeMnNi high-entropy alloy. Acta Mater. 201,
412-424 (2020).

Liu, K,, Nene, S. S., Frank, M., Sinha, S. & Mishra, R. S. Metastability-assisted
fatigue behavior in a friction stir processed dual-phase high entropy alloy.
Mater. Res. Lett. 6, 613-619 (2018).

Ding, Z. Y., He, Q. F,, Chung, D. & Yang, Y. Evading brittle fracture in
submicron-sized high entropy intermetallics in dual-phase eutectic
microstructure. Scr. Mater. 187, 280-284 (2020).

Yang, T. et al. Ultrahigh-strength and ductile superlattice alloys with
nanoscale disordered interfaces. Science 369, 427 (2020).

Basquin, O. H. The exponential law of endurance tests. Proc. Am. Soc. Test.
Mater. 10, 625-630 (1910).

Coffin, L. F. Jr A study of the effects of cyclic thermal stresses on a ductile
metal. Trans. ASME 76, 931-950 (1954).

Manson, S. S. Behavior of Materials Under Conditions of Thermal Stress
(National Advisory Committee for Aeronautics, 1953).

Shao, C. W. et al. A remarkable improvement of low-cycle fatigue resistance of
high-Mn austenitic TWIP alloys with similar tensile properties: importance of
slip mode. Acta Mater. 118, 196-212 (2016).

Valsan, M. & Sastry, D. H. Rao, K. Bs. & Mannan, S.L. Effect of strain rate on
the high-temperature low-cycle fatigue properties of a nimonic PE-16
superalloy. Metall. Mater. Trans. A 25, 159-171 (1994).

Patlan, V., Vinogradov, A., Higashi, K. & Kitagawa, K. Overview of fatigue
properties of fine grain 5056 Al-Mg alloy processed by equal-channel angular
pressing. Mater. Sci. Eng. A 300, 171-182 (2001).

Xu, H.,, Ye, D. & Mei, L. A study of the back stress and the friction stress
behaviors of Ti-6A1-4V alloy during low cycle fatigue at room temperature.
Mater. Sci. Eng. A 700, 530-539 (2017).

Guo, P., Qian, L., Meng, J., Zhang, F. & Li, L. Low-cycle fatigue behavior of a
high manganese austenitic twin-induced plasticity steel. Mater. Sci. Eng. A
584, 133-142 (2013).

Wang, J. et al. Low cycle fatigue behavior of precipitation-strengthened Cu-
Cr-Zr contact wires. Int. J. Fatigue 137, 105642 (2020).

Jadav, J. et al. Strain controlled isothermal low cycle fatigue life, deformation
and fracture characteristics of Superni 263 superalloy. Mater. Sci. Eng. A 760,
296-315 (2019).

Nandy, S., Sekhar, A. P., Kar, T., Ray, K. K. & Das, D. Influence of ageing on
the low cycle fatigue behaviour of an Al-Mg-Si alloy. Philos. Mag. 97,
1978-2003 (2017).

Delbove, M., Vogt, J.-B., Bouquerel, J., Soreau, T. & Primaux, F. Low cycle
fatigue behaviour of a precipitation hardened Cu-Ni-Si alloy. Int. J. Fatigue 92,
313-320 (2016).

| (2021)12:3588 | https://doi.org/10.1038/s41467-021-23689-6 | www.nature.com/naturecommunications 9


www.nature.com/naturecommunications
www.nature.com/naturecommunications

ARTICLE

33.

34.

35.

36.

37.

38.

39.

40.

41.

42.

43.

44.

45.

46.

47.

48.

49.

50.

51.

52.

53.

54.

55.

56.

57.

58.

59.

Lerch, B. A, Jayaraman, N. & Antolovich, S. D. A study of fatigue damage
mechanisms in Waspaloy from 25 to 800 °C. Mater. Sci. Eng. 66, 151-166
(1984).

Fournier, D. & Pineau, A. Low cycle fatigue behavior inconel 718 at 298 K and
823 K. Metal. Trans. A 8, 1095-1105 (1977).

McDaniels, R. L. et al. The strain-controlled fatigue behavior and modeling of
Haynes® HASTELLOY® C-2000® superalloy. Mater. Sci. Eng. A 528,
3952-3960 (2011).

Shams, S. A. A. et al. Low-cycle fatigue properties of CoCrFeMnNi high-
entropy alloy compared with its conventional counterparts. Mater. Sci. Eng. A
792, 139661 (2020).

Prasad Reddy, G. V., Sandhya, R., Sankaran, S. & Mathew, M. D. Low cycle
fatigue behavior of 316LN stainless steel alloyed with varying nitrogen
content. Part II: fatigue life and fracture behavior. Metall. Mater. Trans. A 45,
5057-5067 (2014).

Ma, L. et al. Reversible deformation-induced martensitic transformation in
Al CoCrFeNi high-entropy alloy investigated by in situ synchrotron-based
high-energy X-ray diffraction. Acta Mater. 128, 12-21 (2017).

Ungar, T., Gubicza, J., Ribarik, G. & Borbely, A. Crystallite size distribution
and dislocation structure determined by diffraction profile analysis: principles
and practical application to cubic and hexagonal crystals. J. Appl. Crystallogr.
34, 298-310 (2001).

Larson, A. C. & Von Dreele, R. General Structure Analysis System (GSAS).
Report No. LAUR 86-748 (Los Alamos National Laboratory, 2004).

Ungar, T., Dragomir, L, Revesz, A. & Borbely, A. The contrast factors of
dislocations in cubic crystals: the dislocation model of strain anisotropy in
practice. J. Appl. Crystallogr. 32, 992-1002 (1999).

Xie, Q. et al. In-situ neutron diffraction investigation on twinning/detwinning
activities during tension-compression load reversal in a twinning induced
plasticity steel. Scr. Mater. 150, 168-172 (2018).

Wu, W, Liaw, P. K. & An, K. Unraveling cyclic deformation mechanisms of a
rolled magnesium alloy using in situ neutron diffraction. Acta Mater. 85,
343-353 (2015).

Xie, Q. et al. In-situ neutron diffraction study on the tension-compression
fatigue behavior of a twinning induced plasticity steel. Scr. Mater. 137, 83-87
(2017).

Frederick, C. O. & Armstrong, P. A mathematical representation of the
multiaxial Bauschinger effect. Mater. High. Temp. 24, 1-26 (2007).

Allain, S., Chateau, J. P., Dahmoun, D. & Bouaziz, O. Modeling of mechanical
twinning in a high manganese content austenitic steel. Mater. Sci. Eng. A 387-
389, 272-276 (2004).

Sun, S. J. et al. Transition of twinning behavior in CoCrFeMnNi high entropy
alloy with grain refinement. Mater. Sci. Eng. A 712, 603-607 (2018).

Shi, P. et al. Enhanced strength-ductility synergy in ultrafine-grained eutectic
high-entropy alloys by inheriting microstructural lamellae. Nat. Commun. 10,
489 (2019).

Meyer, M., Mendoza-Zelis, L., Sanchez, F., Clavaguera-Mora, M. &
Clavaguera, N. Mechanical milling of the intermetallic compound AlFe. Phys.
Rev. B 60, 3206 (1999).

Li, Q. et al. Mechanical properties and deformation behavior of dual-phase
Al0.6CoCrFeNi high-entropy alloys with heterogeneous structure at room and
cryogenic temperatures. J. Alloy. Compd. 816, 152663 (2020).

Li, R. et al. Unraveling submicron-scale mechanical heterogeneity by three-
dimensional X-ray microdiffraction. Proc. Natl Acad. Sci. USA 115, 483-488
(2018).

Wollmershauser, J. A., Kabra, S. & Agnew, S. R. In situ neutron diffraction
study of the plastic deformation mechanisms of B2 ordered intermetallic
alloys: NiAl, CuZn, and CeAg. Acta Mater. 57, 213-223 (2009).

American Society for Testing and Materials. Standard practice for strain-
controlled fatigue test. E606-04el ASM International 03, (2004).

Wang, X. L. et al. VULCAN-The engineering diffractometer at the SNS. Phys.
B Condens. Matter 385-386, 673-675 (2006).

An, K. et al. First in situ lattice strains measurements under load at VULCAN.
Metall. Mater. Trans. A 42, 95-99 (2011).

An, K. VDRIVE- Data Reduction and Interactive Visualization Software for
Event Mode Neutron Diffraction. Report No. ORNL-TM-2012-621 (Oak Ridge
National Laboratory, 2012).

Wang, H,, Wu, P. D,, Tomé, C. N. & Huang, Y. A finite strain
elastic-viscoplastic self-consistent model for polycrystalline materials. J. Mech.
Phys. Solids 58, 594-612 (2010).

Wang, H. et al. Effect of martensitic phase transformation on the behavior of
304 austenitic stainless steel under tension. Mater. Sci. Eng. A 649, 174-183
(2016).

Kroner, E. Berechnung der elastischen Konstanten des Vielkristalls aus den
Konstanten des Einkristalls. Z. Phys. 151, 504-518 (1958).

60. Metropolis, N., Rosenbluth, A. W., Rosenbluth, M. N., Teller, A. H. & Teller,
E. Equation of state calculations by fast computing machines. J. Chem. Phys.
21, 1087-1092 (1953).

61. Kresse, G. & Furthmiiller, J. Efficient iterative schemes for ab initio total-
energy calculations using a plane-wave basis set. Phys. Rev. B 54, 11169
(1996).

62. Kresse, G. & Joubert, D. From ultrasoft pseudopotentials to the projector
augmented-wave method. Phys. Rev. B 59, 1758 (1999).

63. Blochl, P. E. Projector augmented-wave method. Phys. Rev. B 50, 17953
(1994).

64. Perdew, J. P., Burke, K. & Ernzerhof, M. Generalized gradient approximation
made simple. Phys. Rev. Lett. 77, 3865 (1996).

65. Monkhorst, H. J. & Pack, J. D. Special points for Brillouin-zone integrations.
Phys. Rev. B 13, 5188 (1976).

Acknowledgements

RF. and P.K.L. appreciate the support of the National Science Foundation under grants
of DMR-1611180 and 1809640 and the US Army Research Office under project numbers
of W911NF-13-1-0438 and W911NF-19-2-0049. The authors acknowledge the use of
electron microscopy facilities at the Joint Institute for Advanced Materials (JIAM) of The
University of Tennessee, Knoxville (UTK). This research used resources at the Spallation
Neutron Source (SNS), a US Department of Energy (DOE) Office of Science User Facility
operated by the Oak Ridge National Laboratory (ORNL). Synchrotron diffraction was
conducted at the Advanced Photon Source (APS), a US DOE Office of Science User
Facility operated for the DOE Office of Science by the Argonne National Labora-

tory (ANL) under the Contract No. of DE-AC02-06CH11357. R.F. thanks for the support
from Materials and Engineering Initiative at SNS, ORNL. The authors thank Dr. M. J.
Frost at SNS for the technical support.

Author contributions

RF. and X.X. performed mechanical tests. R.F. characterized microstructures and
completed the analyses. RF., D.Y,, Y.C, and K.A. conducted the in situ neutron-
diffraction experiments and analyzed the resultant data. Y.R. and M.G. performed the
MC simulation. C.L. and H-W. conducted the EVPSC calculation. T.U. guided the
neutron data analysis and performed the neutron-diffraction line profile analysis. P.K.L.
initiated and supervised the project. RF.,, K.A,, and P.K.L. drafted the manuscript with
contributions from other authors. All authors contributed to the discussion and com-
mented on the manuscript.

Competing interests
The authors declare no competing interests.

Additional information
Supplementary information The online version contains supplementary material
available at https://doi.org/10.1038/541467-021-23689-6.

Correspondence and requests for materials should be addressed to K.A. or Peter.K.L.

Peer review information Nature Communications thanks Yandong Wang and other,
anonymous, reviewers for their contributions to the peer review of this work.

Reprints and permission information is available at http://www.nature.com/reprints

Publisher’s note Springer Nature remains neutral with regard to jurisdictional claims in

published maps and institutional affiliations.
Open Access This article is licensed under a Creative Commons
BY Attribution 4.0 International License, which permits use, sharing,
adaptation, distribution and reproduction in any medium or format, as long as you give
appropriate credit to the original author(s) and the source, provide a link to the Creative
Commons license, and indicate if changes were made. The images or other third party
material in this article are included in the article’s Creative Commons license, unless
indicated otherwise in a credit line to the material. If material is not included in the
article’s Creative Commons license and your intended use is not permitted by statutory
regulation or exceeds the permitted use, you will need to obtain permission directly from
the copyright holder. To view a copy of this license, visit http://creativecommons.org/
licenses/by/4.0/.

© The Author(s) 2021

| (2021)12:3588 | https://doi.org/10.1038/541467-021-23689-6 | www.nature.com/naturecommunications


https://doi.org/10.1038/s41467-021-23689-6
http://www.nature.com/reprints
http://creativecommons.org/licenses/by/4.0/
http://creativecommons.org/licenses/by/4.0/
www.nature.com/naturecommunications

	Enhancing fatigue life by ductile-transformable multicomponent B2 precipitates in a high-entropy alloy
	Results
	Microstructures
	Tensile and fatigue properties
	In situ neutron-diffraction studies
	Crystal-plasticity modeling
	Microstructure evolution during cyclic deformation
	MC simulations

	Discussion
	Methods
	Sample preparation
	Mechanical tests
	Microstructural characterizations
	In situ neutron-diffraction measurements
	Crystal-plasticity modeling
	MC modeling

	Data availability
	References
	Acknowledgements
	Author contributions
	Competing interests
	Additional information




