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Design metastability in high-entropy alloys by tailoring

unstable fault energies

Xin Wang't, Rafael Rodriguez De Vecchis't, Chenyang Li’t, Hanlei Zhang', Xiaobing Hu?,
Soumya Sridar', Yuankang Wang', Wei Chen?*, Wei Xiong'*

Metastable alloys with transformation-/twinning-induced plasticity (TRIP/TWIP) can overcome the strength-ductility
trade-off in structural materials. Originated from the development of traditional alloys, the intrinsic stacking fault
energy (ISFE) has been applied to tailor TRIP/TWIP in high-entropy alloys (HEAs) but with limited quantitative suc-
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cess. Here, we demonstrate a strategy for designing metastable HEAs and validate its effectiveness by discovering
seven alloys with experimentally observed metastability for TRIP/TWIP. We propose unstable fault energies as the
more effective design metric and attribute the deformation mechanism of metastable face-centered cubic alloys to
unstable martensite fault energy (UMFE)/unstable twin fault energy (UTFE) rather than ISFE. Among the studied
HEAs and steels, the traditional ISFE criterion fails in more than half of the cases, while the UMFE/UTFE criterion
accurately predicts the deformation mechanisms in all cases. The UMFE/UTFE criterion provides an effective para-
digm for developing metastable alloys with TRIP/TWIP for an enhanced strength-ductility synergy.

INTRODUCTION
Developing alloys with a combination of high strength and ductility
is the paramount goal in structural materials engineering. However,
most strengthening mechanisms, such as precipitation and solid solu-
tion hardening, are detrimental to ductility (1, 2). Metastability en-
gineering (3, 4) has been demonstrated to be an effective strategy to
overcome the strength-ductility trade-off in ferrous alloys (5) by
introducing interface hardening from a dual-phase structure and
transformation- or twinning-induced plasticity (TRIP/TWIP). During
deformation, martensite/twin formation provides alternative path-
ways for partial dislocations to glide, and the newly formed phase/
twin boundary reduces the dislocation mean free path, leading to
the dynamic Hall-Petch effect (6). Recently, metastability engineer-
ing has also been used in developing high-entropy alloys (HEAs)
(3, 4) that contain multiple principal elements (7-11). The concept
of HEAs offers a vast composition space and brings a previously
undiscovered path for developing advanced materials with promising
properties, such as excellent corrosion resistance (12), high strength
(11), and biocompatibility (13). In terms of the mechanical properties,
the combination of “HEA effects,” such as the severe lattice distor-
tion and solid solution strengthening, and the metastable engineer-
ing leads to HEAs with high strength and excellent ductility (14).
Nonetheless, the effective design of HEAs with desired microstruc-
ture and deformation mechanisms is still a formidable challenge.
HEAs represent a paradigm shift in materials research from the cor-
ner of phase diagrams to the central region of the high-dimensional phase
space. Facing with the astronomical design space, the computational-
aided design offers a more efficient way than the Edisonian approach
for exploring composition-process-structure relationships in HEAs
(15-17). For example, a variety of effective computational approaches,
such as phenomenological parameters (18), machine learning models
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(17,19, 20), and the calculation of phase diagrams (CALPHAD) meth-
od (21-23), have been applied to predict the HEA phases for a given
composition. However, the competition of phase stabilities is a func-
tion of both alloy composition and the processing history, especially
for metastable phases. As a result, the influence of heat treatment and
phase transformations, such as the athermal martensitic transforma-
tion during quenching, should be addressed to achieve a higher pre-
diction accuracy.

The competing deformation mechanisms in the face-centered
cubic (fcc) phase, such as dislocation glide, twinning, and martensi-
tic transformation, are usually determined by the intrinsic stacking
fault energy (ISFE) (14, 21). The ISFE is the excess energy associated
with the formation of the ISF by the dissociation of a lattice disloca-
tion ag/2<110> into two a¢/6<112> partial dislocations (ao is the
lattice constant) (24). In austenitic steels, TRIP prevails over TWIP
when ISFE is lower than 20 mJ/m? and TWIP is found in alloys
when the ISFE lies between 20 and 40 mJ/m? (25). However, this
rule does not generalize to other alloys such as HEAs. For example,
transmission electron microscopy (TEM) experiments found that
Co10CrioFeqoMnyp has a low ISFE of 13 + 4 mJ/m> but this HEA is
a TWIP alloy (26). Moreover, recent studies have shown that the
experiments tend to overestimate the ISFE in concentrated alloys
(24), while the density functional theory (DFT) calculations can
give negative ISFE values for TRIP HEAs (27, 28), making the ISFE
criterion impractical for rigorous alloy design and discovery. ISFE
is the energy change after the stacking fault formation, but it does
not necessarily correlate with the energy barrier for the martensite
or twin formation process. A more in-depth understanding of the
deformation-induced martensite/twin formation process and their
energy barrier is thus critical. Previous experimental studies found
that the formation of deformation twins is associated with the partial
dislocation glide on every {111} plane in fcc materials, while hexagonal
close-packed (hcp) martensite forms as the result of the movement
of partial dislocations on every other {111} plane (29-31). Therefore,
we introduce two intrinsic quantities: unstable martensite fault en-
ergy (UMFE) and unstable twin fault energy (UTFE). The differ-
ences between UMFE/UTFE and ISFE define the energy barrier for
martensite/twin formation, which controls the competition between
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different deformation mechanisms and allows us to predict the TRIP/
TWIP behaviors in HEAs.

Figure 1 illustrates our strategy for designing HEAs with the de-
sired phase and deformation mechanism. First, we predict the phase
stability using the CALPHAD method for more than 100,000 com-
positions of the Co-Cr-Fe-Mn-Ni system to screen single-phase fcc
HEAs free of brittle intermetallics at the homogenization tempera-
ture of 1200°C. Then, we compute the energy difference between the
fcc and hep phases at room temperature to identify the alloys as
either fcc single phase or fcc + hep dual phases (Fig. 1B) because this
energy difference describes the competition between these phases
during quenching. Seven alloys with TRIP/TWIP were selected on
the basis of the kernel density analysis (Fig. 1C) and their fcc stability
compared with two reference alloys (Ref-1: Co,0CrpFe;0MnyoNig and
Ref-2: Co;¢CrjoFeqMnyg). Then, we calculate the energy differences
UMFE-ISFE and UTFE-ISFE to understand the energy barrier for
martensite and twin formation, respectively (Fig. 1D). The compar-
ison of the unstable fault energy differences defined in this work is
considered the new guidelines to introduce the TRIP/TWIP ef-
fects. Last, we validate the design by conducting experiments and
identifying the relationship among alloying elements, stacking fault
energies, and deformation mechanisms (Fig. 1E). Here, we demon-
strate an effective design strategy for HEAs using metastable engineer-
ing. This work reveals that the UMFE-ISFE and UTFE-ISFE predict
the martensite and twin formation better than ISFE, and the design
strategy is successful (Fig. 1F).

RESULTS
Microstructure and fcc stability screening using
thermodynamic modeling
An accurate database is necessary to perform a high-fidelity predic-
tion on phase stability. We chose the latest HEA thermodynamic
database, with all binary systems and 60% ternary systems assessed.
Moreover, we evaluated the reliability of the CALPHAD modeling
for HEAs by comparing experiments and model predictions to en-
sure that the calculation is accurate (Fig. 2, A and B). Figure 2A sum-
marizes the accuracy of reported phase predictions using machine
learning (17, 19, 20), CALPHAD (19, 22), and phenomenological
parameters (details in table S1) (19). The machine learning and
CALPHAD approaches perform better than the phenomenological
parameters (19). Both machine learning and CALPHAD approaches
are not computationally intense methods. Although machine learn-
ing models reported in literature show a satisfactory accuracy, heat
treatment conditions are often not considered as model inputs. Ex-
isting machine learning classification models were also not built to
predict specific phases and phase fractions (17, 20), which are essen-
tial for alloy design and discovery. On the contrary, the CALPHAD
approach calculates the phase and their fraction for a given tempera-
ture and composition, and the phase accuracy can be further im-
proved as the previous study did not consider the athermal phase
transformation during cooling (19, 22).

Because the primary product of martensitic transformation in
fcc HEASs is the € martensite with an hcp structure (3), the chemical
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Fig. 1. Design workflow. (A to C) Schematics of the fcc stability and phase predict

ion via thermodynamic modeling. (A) Co, Cr, Fe, Mn, and Ni are mixed into the HEA,

where element contents are in the range of 0 to 40 at %. (B) The phase at the homogenization temperature (1200°C) and room temperature are predicted via thermo-
dynamic modeling. We only select alloys with a single fcc phase at 1200°C. If the Gibbs free energy of fcc is lower than the hcp at room temperature, then the alloy is la-
beled as an fcc single-phase alloy; otherwise, it is an fcc+ hcp dual-phase alloy. (C) The Gibbs free energy difference between fcc and hcp for all compositions are

compared with two reference alloys and are categorized into less stable fcc and mor
produce the maximum change of kernel density are identified, and seven alloys with
have a lower fcc stability than Ref-1 (Co,0CraoFe20MnyoNis), they will form martens

e stable fcc. The alloys with the compositionally complementary elemental pairs that
a different fcc stability are chosen for further calculations. Because all designed alloys
ite or twins after cold rolling. (D) Deformation mechanism prediction via DFT. USFE,

ISFE, UMFE, and UTFE are unstable stacking fault energy, intrinsic stacking fault energy, unstable martensite fault energy, and unstable twin fault energy, respectively. We
propose that if the energy barrier for martensite (hcp) formation (UMFE-ISFE) is smaller than the energy barrier for twinning (UTFE-ISFE), then the alloy is a TRIP alloy;
otherwise, the alloy is TWIP dominant. (E and F) Design validation by experiments. (E) Schematics of the sample preparation, testing, characterization, and statistical
analysis. (F) Evaluation of the design metrics. Designed alloys are shown as predicted secondary deformation mechanism and phases. More than 80% of the designed
alloys have higher hardness compared with the reference HEA (Ref-2: Co19CrioFesoMnag). EBSD, electron backscatter diffraction; SEM, scanning electron microscope.
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Fig. 2. Evaluation of the CALPHAD approach and thermodynamic model screening results. (A) Comparison of the phase prediction accuracy using machine learning,
CALPHAD, and phenomenological parameter approaches based on literature, where the classification type, methods, and accuracy are available in table S1 (77, 19, 20, 22).
(B) Comparison of the experimentally measured ISFE (33-40) and the model-predicted value of the Gibbs free energy change of fcc-to-hcp transformation at room tem-
perature. Each symbol represents a group of alloys containing the same elements, while there may be multiple data with different element content (details in table S2).
The inset table shows the Pearson correlation coefficient r for all data and alloys containing Co, Cr, Fe, Mn, and Ni. (C and D) Screening results of CoxCryFe(100-xy-zw)MnNiy,
(0<x,y, z, and w, 100—x-y-z-w <40 atomic fraction), where the alloy compositions form single fcc at 1200°C. The width of the blue area represents the probability density
of compositions corresponding to different alloying elements, and 1.5 IQR is 1.5 times the interquartile range (IQR). (C) The distribution of fcc single-phase alloy, which
has a AGm(fec-to-hep) > 0 at 293 K. (D) The distribution of fcc + hcp dual-phase alloy, which has a AGmfec-to-hep) < 0 at 293 K. The calculations of a few hundred compositions

failed because of the numerical issue, and they were not included in the data visualization.

driving force of martensitic transformation can be expressed as the
Gibbs energy change [AGmfec-to-hep)] that corresponds to the ther-
modynamic model-predicted ISFE (32). Smaller AGufcc-to-hep) 2and
ISFE indicate a lower fcc stability; i.e., it is easier for fcc to transform
into hcp. We collected experimentally measured stacking fault en-
ergies (33-40), which usually have an uncertainty of about 5 mJ/m?
(details in table S2), and compared them with the calculated
AGmn(fec-to-hep) at room temperature (293 K) (Fig. 2B). On the basis of
the Pearson correlation coefficient r for all alloy systems, the exper-
imental ISFE and AGp(fec-to-hep) Show a very weak linear relationship
because r is close to 0. Meanwhile, the r for Co-Cr-Fe-Mn-Ni alloy
system (green triangles in Fig. 2B) is close to 1, and the p-value is
smaller than 0.05. This result shows a statistically significant positive
correlation between the experimental ISFE and the CALPHAD-
calculated AGmyfec-to-hep) for alloys containing Co, Cr, Fe, Mn, and
Ni. Thus, the CALPHAD approach is reliable for predicting the
fce-to-hep phase transformation in the Co-Cr-Fe-Mn-Ni systems.
Next, we performed a high-throughput screening of more than
100,000 compositions in the Co-Cr-Fe-Mn-Ni system. Compositions
with a single fcc phase at the homogenization temperature (1200°C)
were selected for further study. This screening criterion ensures that
the phase composition is the same as the overall alloy composition,
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and no ductility degradation is caused by the formation of brittle
intermetallic phases. Figure 2 (C and D) represents violin plots that
show the elemental distribution of fcc single-phase [AGu(fec-to-hep)
at 293 K > 0] and fcc + hep dual-phase [AGm(gec-to-hep) at 293 K < 0]
HEAs, respectively. We find that fcc single-phase HEAs have less
dependency on any particular alloying element. However, the
fcc + hep dual-phase HEA is more likely to form with a high Co or
Cr content and a limited addition of Mn or Ni.

It is widely accepted that lower ISFE, i.e., the decreasing fcc sta-
bility, leads to the deformation mechanisms switching from a pure
dislocation glide to a combination of a dislocation glide and twinning
followed by a dislocation glide together with martensitic transforma-
tion (24, 41). Hence, identifying alloys with a gradient fcc stability
could help design alloys with TRIP and TWIP effects. Two well-studied
HEAs were used as the reference to guide our design. The first ref-
erence alloy is CooCryoFe0MnyoNiyy HEA, which has a more stable
fcc that only shows a deformation-induced twin after a severe (42)
or low-temperature deformation (10). The second reference alloy is
Co,0CrjoFeqoMnyg with a less stable fcc, which shows a TWIP during a
room temperature deformation (26) and an hcp martensite formation
after a high-pressure torsion (43) or a low-temperature deformation
(44). By comparing the calculated fcc stability [AGm(fec-to-hep)] Of the
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screened alloys with Coy0CryoFez0MnyoNisg [AGg‘(’ggf{gfﬁigM“mN'm]

and Co;oCrjoFeqoMnyg [AGSI‘E%QCC_rtg’_?C“I‘,’fA““], the screened alloys are
classified as alloys with a less stable fcc and a more stable fcc. The
kernel density estimation was generated on the basis of the number
of labeled alloys with the Gaussian kernel, and it was applied to de-
termine the alloy probability density distribution of two varying el-
ements. In total, 10 kernel density plots were generated. The plots of
Co-Cr, Fe-Nij, Fe-Cr, and Co-Ni are shown in Fig. 3 (A to D), and
the rest of plots are shown in fig. S1. In the Fe-Cr and Co-Ni pairs,
we can shift the alloys from a more stable fcc to a less stable fcc by
increasing the composition of one element and reducing the other
element content, as illustrated by the red and black lines in Fig. 3 (C
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Fig. 3. Design of TRIP/TWIP HEAs using a kernel density plot with different
degrees of fcc instability. The screened alloys have been classified as less stable

fec alloy with red color [AGRES 1y < AG;%‘;’EE&E%;"M"‘“’] and more stable fcc alloy
with blue color [AGSHETgEeMM <« AGIES 1) < AGmcaFesMolin] The kernel

density distribution of the two classes of alloys has been plotted with two varying
elements. A darker contour line indicates a higher kernel density of the alloys in the
composition region. (A) Co-Cr pair and (B) Fe-Ni pair where the increase of one element and
decrease of another element does not lead to the kernel density change from more
a stable fcc to a less stable fcc. (C) Fe-Cr pair and (D) Co-Ni pair where the increase
of one element and decrease of another element lead to the kernel density change
from a more stable fcc to a less stable fcc. The straight lines indicate the alloy design
path. (E) The composition and AGtcc-to-hep) Of the designed alloys and the refer-
ence alloys. The red and black curves correspond to the straight lines in (C) and (D) of
the same color. The alloys with star marks are selected for further study. Results of
other pairs such as Mn-Ni, Fe-Mn, Co-Mn, Fe-Co, Cr-Mn, and Cr-Ni are available in fig. S1.
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and D, respectively). As a result, we selected seven samples from the
Co-Ni (series 1) and Fe-Cr (series 2) series that are purely fcc phase at
the homogenization temperature (fig. S2) and have a monotonic re-
duction in AGu(fec-to-hep) for further DFT and experimental study
(Fig. 3E). The calculated and experimental results of the seven de-
signed alloys and two reference alloys are summarized in Table 1.

Prediction of deformation mechanism from

first-principles calculations

Figure 4 (A to G) illustrates the initial fcc lattice and different stack-
ing fault structures formed during the passage of a,/6<112> Shock-
ley partial dislocations. Our model is a nine-layer supercell, where
the ISF forms at the boundary of neighboring supercells. After 0.5 by,
(bp is the Burgers vector of Shockley partial dislocation) shear dis-
placement of the upper layers above layer 9, the generalized stack-
ing fault energy reaches the first local maxima. Rice (45) named this
energy the unstable stacking fault energy (USFE), which is the energy
barrier to forming an ISF (46). After 1 b, displacement, the energy
reaches the local minima (ISFE) that can also be determined by ex-
periments such as the TEM or x-ray diffraction. There are two possi-
ble further shearing pathways: One is shearing with successive (111)
planes. The continuing passage of partial dislocation starts from the
11th plane and will reach a local energy maximum with 1.5 b;, called
the UTFE. The energy difference between UTFE and ISFE is the en-
ergy barrier for twin nucleation. The second local minimum energy
corresponds to the extrinsic stacking fault (ESF), and it can be viewed
as a twin embryo (TE). Repeating the above process in the following
layers will result in a larger twin, and the UTFE maintains a similar
value (47). Previous research has extensively studied the GSFE curve
considering the twinning process, and they have proposed many
criteria to explain the competition among different deformation
mechanisms (9, 48-50). However, the mechanism of hcp martensite
formation is not well understood, and the energy barrier for TRIP
has not been studied using the DFT approach. On the basis of re-
ported experimental observations (29, 31), we propose that another
possible shearing path is partial dislocation shearing on every other
(111) plane, where the passage of the partial dislocation starts from
the 12th layer. As a result, the local minimum energy structure is a
martensite embryo (ME), and the energy peak at 1.5 by, is defined as
the UMFE. The energy difference between UMFE and ISFE is the
energy barrier for ME formation. The energies corresponding to the
atomic configuration shown in Fig. 4 (A to G) for the two reference
alloys and the seven designed alloys are presented in Fig. 4H. We find
that the USFE and UTFE are similar for all studied alloys, while the
UMEE is different from UTFE. Because the deformation mechanism
is favorable when the energy barrier is low, we hypothesize that mar-
tensitic phase transformation prevails when UMFE (dashed curves
and open symbols such as point F in Fig. 4H) is smaller than UTFE
(solid curves and solid symbols such as point D in Fig. 4H), and
deformation twinning dominates if the UMFE is larger than the
UTEFE. Such predictions for the designed alloy and two reference
alloys are listed in Table 1.

Experimental verification and TRIP/TWIP mechanism analysis
The seven designed alloys were prepared by arc melting and homog-
enized at 1200°C, followed by water quenching. It has been found that
the grain size of all samples is similar and larger than 100 um (fig. S3),
which does not contribute a high-strengthening mechanism based on
the Hall-Petch equation. Figure 5 summarizes the microstructure
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Table 1. Summary of selected alloy compositions in atomic %, calculated properties, and experimental observations. at %, atomic %.

Phase at room temperature Dominant secondary deformation

Label Alloy composition (at %) ar :‘ ;;gic afg(')“o“c“('."‘;"‘n:g)l) mechanism

CALPHAD Experiments DFT Experiments
Reference alloys from literature
Ref-1 C020Cra0Fe0MnoNiz fcc 1193 fec fcc WP TCVZ:Z Ejtreaw";g;KK(g;]);
Ref2  CouCrifeMns  fccofcc+o 519 fecorfector  fec. CTWIP  TWIP [tensile, 293 K (26)]
Series 1, increasing Ni, decreasing Co
i?z'OCF‘?;NiS/ Co36CraoFe,sMnioNig fec 67 fec fec TRIP TRIP
#1-CopNi,  CosiCraoFeseMnioNisy Cfec 30  fc  fc  TWP WP
#ZCOZSN% . COZSCrZOFQZGanNhG PR fcc s 593 [ fcc D fcc . Tw|p TW|p
#3C024N|20 . C024cr20Fezémanlzo PR fcc s 952 [ fcc D fcc . TW|P TW|p
Series 2, increasing Cr, decreasing Fe
#4-CrygFeqg Co36CrygFe;gMnyoNig fcc —478 fcc+hep fcc+hep TRIP TRIP
#5Cr24F922 . c036cr24F922Mn10N|s [ fcc s _196 s fcc+hcp fcc+hcp TR|p . TR|p e
#OCrZOFEZG/cO36N|8CO3GCr20Fe26Mn1ON|s s fcc s 67 e fcc et fcc s TR|P . TR|p B
#6cr16Fe30 . CO%C”GFemeONIs s fcc s 310 [ fcc fcc+hcp TR|p . TR|p B

*The CALPHAD predicts the high-temperature phase to be fcc and o due to the slow formation of o; the phase is taken as fcc or fcc + o.

of the homogenized and cold-rolled samples characterized by elec-
tron backscatter diffraction (EBSD). The phase fractions before
and after deformation are listed in table S3. On the basis of Fig. 5
(Al to G1), the Co,Crys_Fe,sMn oNig (x = 36, 32, 28, and 24) alloys
are fcc single-phase HEAs, and the Co36CryFess_xMn;oNis (x = 28,
24, and 16) alloys are fcc + hep dual-phase HEAs. From Table 1, it
is evident that the predicted and observed phases are in good agree-
ment for six of the seven designed alloys, indicating that the phase
screening strategy in this work is reliable. By comparing the phase
map of homogenized (Fig. 5, Al to G1) and deformed samples (Fig. 5,
A3 to G3), we find that all designed alloys show the existence of a
deformation-induced hcp martensite and a minor body-centered cu-
bic (bcc) martensite. Moreover, the Co3CrFess_Mn;oNig (x = 28,
24,20, and 16) samples show a noticeable increase in the hcp phase
fraction after deformation without any twin formation. This phe-
nomenon implies that the martensitic transformation is the dominant
deformation mechanism besides the dislocation glide in these alloys.
On the other hand, the Co,Cry4_FersMn;oNig (x = 32, 28, and 24)
HEAs show the X3 twin boundaries in grain boundary maps (red lines
in Fig. 5, B5 to D5) and limited hcp formation when compared with
TRIP-dominant alloys. This result suggests that twinning dominates
during the deformation of these alloys, and we have labeled them as
the TWIP-dominant alloys. Figure 5 (A6 to G6) shows the kernel
average misorientation (KAM) maps for the deformed samples. The
grain, twin, and phase boundaries show higher KAM values, indi-
cating a higher density of geometrically necessary dislocations (51).
By comparing these phase maps (Fig. 5, A3 to G3), it is noticed that
the bee phase usually forms at the intersection between hcp phases
with a very high KAM value. Such a microstructure confirms that the
hep phase is the precursor for becc martensite formation, which agrees
with the previous study results (52). The deformation mechanisms

Wang et al., Sci. Adv. 8, eabo7333 (2022) 9 September 2022

confirmed with EBSD are also summarized in Table 1, and they agree
with the DFT prediction.

High-resolution TEM (HRTEM) was performed to identify the
atomic structures of the 20% compressed HEAs and verify the dom-
inant deformation mechanisms (Fig. 6). As shown in Fig. 6 (A2), the
stacking sequence of the {001} atomic plane follows the ABAB pat-
tern, confirming its hcp stacking nature, which is in direct contrast
to the ABCABC stacking of the fcc structure. Moreover, Fig. 6 (A3)
shows that the fast Fourier transformation (FFT) of Fig. 6 (A2)
matches the simulated hcp diffraction pattern (fig. S4), which fur-
ther confirms that the sample #0-Co3¢Nig/CryoFe;6 shows martensite
phase transformation after deformation. Besides the deformation
via TRIP, this alloy also displays the twin structure, and the twin
boundary is highlighted by a white line in Fig. 6 (B2). The red and
blue atomic layers correspond to the FFT in Fig. 6 (B3) with the same
color. Although this sample shows a deformation-introduced twin
and an hcp structure at a low strain, only hcp phases are identified
after 60% deformation using EBSD (Fig. 5A). This result proves that
martensitic transformation is the preferred deformation mecha-
nism compared with twinning in this alloy. On the contrary, twins
were observed in sample #1-Co3,Ni;; when the strain was 20%, while
no hcp was detected throughout the TEM sample. The EBSD reveals
alarge amount of twin and hcp after the 60% deformation (Fig. 5B),
indicating that twinning is the dominant deformation mechanism
at the early deformation, and it also operates at a high-strain level.
Therefore, the above HRTEM study strengthens our determination
of the TRIP- and TWIP-dominant alloys.

Statistical analysis and verification
To understand the correlation among alloying elements, deformation
mechanisms, stacking fault energies, and the previously proposed
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Fig. 4. Calculation of stacking fault energies for the martensite and twin formation and the corresponding atomic configuration. Atomic configuration of (A) fcc
structure with the ABCABC stacking sequence, (B) USF, (C) ISF, (D) UTF, (E) TE, or ESF, (F) UMF, and (G) ME. Red, brown, and green dots represent atoms in fcc alloys corresponding
to the (A) to (C) layers, respectively. The orange square shaded area and orange stars (C, D, F, and G) represent the atomic layers as the hcp phase the atomic layers as the
hcp phase. The blue square shaded area and blue stars (E) represent a twin structure a twin structure. All atomic structures are formed through the shear displacement
with a Shockley partial dislocation b, = ao/6<112>. (H) The calculated stacking fault energies of two reference alloys and seven designed alloys using DFT. The local minima
and maxima noted with A to G are the energies that correspond to the structure shown in subfigures (A) to (G), respectively. A, energy of fcc structure; B, USF energy (i.e.,

USFE); C, ISFE; D, UTFE; E, TEE/ESFE; F, UMFE; and G, MEE.

deformation mechanism criteria, we calculated three correlation coef-
ficients on the basis of the variable type and visualized them as a
heatmap (Fig. 7). The correlation coefficient ranges from -1 to 1,
where 1 represents a perfect positive correlation, 0 corresponds to
no monotonic correlation, and -1 gives a perfect negative correla-
tion between the parameter pair. We focus on the statistically sig-
nificant results with a p-value smaller than 0.05. On the basis of the
heatmap, we can study the correlation between composition and
the stacking fault energies. Co has a strong positive correlation with
USFE and UTFE, which implies that Co increases the energy barrier
for stacking fault and twin formation. Furthermore, Co decreases
ISFE, ESF energy (ESFE)/TE energy (TEE), UMFE, and ME energy
(MEE), although the effect is not statistically significant. This obser-
vation is consistent with the previous study, suggesting that adding
Co can decrease the ISFE and shift the deformation mechanism
from twinning to martensitic transformation (48). However, it is
noted that higher Co content leads to a higher USFE, which may

Wang et al., Sci. Adv. 8, eabo7333 (2022) 9 September 2022

limit the formation of stacking fault that serves as the precursor for
the martensite and twin formation. Another important element is
Ni, which exhibits a strong effect on increasing the ISFE, ESFE/
TEE, UMFE, and MEE. Therefore, while Ni has a minor impact on
the twinning energy barrier, its content must be limited to promote
the TRIP effect. The findings of the effect of Ni on different stacking
fault energies offer a fundamental explanation to the literature-
reported phenomenon (53) that adding Ni changes the deformation
mechanism from martensitic transformation to twinning. As we
have proposed, the competition between twinning and martensitic
transformation is governed by the energy barriers, such as UTFE-
ISFE and UMFE-ISFE. These criteria can be simplified by comparing
the values of UTFE and UMEFE to predict the dominant deforma-
tion mechanism besides the dislocation glide. The condition UMFE <
UTFE has a strong positive correlation with TRIP and a strong
negative correlation with TWIP. These results suggest that the
UMEFE < UTFE criterion can predict the deformation mechanism
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accurately. On the contrary, the parameters used in previous studies,
such as ISFE (48) and twinnability (49), do not show a statistically
significant correlation with the deformation mechanisms. They
cannot accurately predict the competition between twinning and
martensitic transformation due to the inappropriate estimation
martensitic transformation energy barrier. A detailed description
of previous criteria (9, 48-50) and their limitation is available in
Supplementary Text and table S4.

To better understand the deformation mechanisms and stacking
fault energies, we compared the local minimum energies ISFE, ESFE,
and MEE in Fig. 8 (A1) and the energy barriers USFE, UTFE-ISFE,
and UMFE-ISFE in Fig. 8 (B1). We also plotted the hardness of the
homogenized and deformed samples along with the hardness
values reported in the literature for Ref-1 (Co¢CrzoFe;0Mn;Niy)
(42, 54—59) and Ref-2 (C010CI‘10F640M1’140) (60) alloys (Flg 8, Cl)

Wang et al., Sci. Adv. 8, eabo7333 (2022) 9 September 2022

Alllocal minimum energies are positive and smaller than 50 m]J/ m?,
which is much lower than the energy barriers. Alloys with an in-
creased Cr and Co content show a lower ISFE, which agrees with the
thermodynamic model prediction of fcc instability in Fig. 3E. However,
while the CALPHAD-based thermodynamic model shows that all
the designed alloys have a lower fcc stability than the Ref-1 alloy, the
DFT calculations show that some designed alloys have a higher
ISFE, implying that these alloys have a higher fcc stability than the
Ref-1 alloy. Such discrepancies can be reduced by introducing a
more advanced thermodynamic model considering interfacial
energy and improving thermodynamic databases (25, 61). The
alloys noted as TRIP dominant have a lower MEE than the ISFE and
ESFE/TEE, indicating that the martensite formation introduces less
energy into the system than the formation of stacking faults or
twins. The TWIP-dominant alloys also have a lower ESFE/TEE,
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- #1-CoyNij, [-—— #0-CoseNig/CrpgFess

Fig. 6. HRTEM characterization of the samples with a £ =20% compression.
(A) and (B) are the hcp and twin structures of the TRIP-dominant alloy #0-Co3Nig/
CryoFeys, respectively. (C) shows the twin structure of the TWIP-dominant alloy
#1-Co3,Niy2. Column (1) is the HRTEM that shows the larger area of samples (25 x 25 nm).
Column (2) is the small area in the red box in column 1. Column (3) is the diffractogram
corresponding to column 2. Zone axes are [100] for the hcp structure and [110] for
the fcc structure.

suggesting a relatively stable twin structure, except for the Ref-2
alloy. Moreover, we have plotted two dashed horizontal lines (Fig. 8,
A1) at 20 and 40 mJ/m” that are widely adopted as the ISFE upper
limits for TRIP and TWIP, respectively (25). However, the TRIP-
dominant CozCryFess_,Mn oNig (x = 16, 20) alloys have an ISFE
higher than 20 mJ/m? and the TWIP-dominant Ref-1 and Ref-2
alloys exhibit a much lower ISFE. Instead, the martensitic trans-
formation energy barrier (UMFE-ISFE) for TRIP-dominant alloys is
much smaller than the stacking fault and the twin formation energy
barriers (USFE and UTFE-ISFE). We found that the TRIP-dominant
HEAs have higher hardness compared to the TWIP-dominant
HEAs. Moreover, the hardness increased after deformation, show-
ing a high-strain hardening effect, and the hardness of the cold-
rolled sample tends to decrease with the higher energy barriers for
martensite/twin formation.

The results are summarized in the contingency tables embedded
in Fig. 8 (A2 and B2) to elucidate the correlation between fault
energies and deformation mechanisms. All samples have alow ISFE
that is lower than 40 mJ/m?. This implies that a low ISFE, i.e., low
fcc stability, is favorable for introducing secondary deformation
mechanisms, such as martensitic transformation and twinning.
However, we find that only two of the four TRIP-dominant alloys
show an ISFE smaller than 20 mJ/m? and three of the five TWIP
alloys have an ISFE that lies within the range of 20 to 40 mJ/m?,
which means that the accuracy of this criteria is only about 56%. On
the contrary, the accuracy of our model for predicting the deforma-
tion mechanism, based on the UMFE-ISFE and UTFE-ISFE rela-
tionships, is 100%. Our finding proves that the UMFE-ISFE and
UTEFE-ISFE, rather than ISFE, should be used as a more general
criterion to determine the deformation mechanisms in HEAs.

Wang et al., Sci. Adv. 8, eabo7333 (2022) 9 September 2022

Phi correlation

TWIP dominant EEE
TRIP dominant EEE

E) P<0.05 statistically significant

P> 0.05 Statistically insignificant

Effect size ~1 0 11 ruvre <utre BJRIEY
ol N S|S'S|
Cr ..
Fe ..
v WS W
< Ni . EE g
2 USFE . E ﬁEBB
I3 ISFE | S| S ©
Q
8 UTFE S | iss's|
§ ESFE/TEE S | |S! 5
H'e oe_|
£ g
Twinnability B
goeszpyyrye EES
® £ y8 38
w g oo
= =
2" F

Fig. 7. Correlation coefficient heat map of features and their relationship with
TRIP and TWIP. Features in red font are the binary variables, while features in
black font are continuous variables. The Phi coefficient (red box), Kendall rank
correlation coefficient (green box), and rank biserial correlation coefficient (orange
box) as well as p-values are calculated for binary-binary, continuous-continuous,
and binary-continuous parameter pairs. The red/blue color bar describes the
correlation effect size, which indicates a positive/negative relationship between
two features, and the darker color means the stronger relationship. Statistically
significant results with a P < 0.05 are marked with white S. The correlation signifi-
cances between elements are not included for simplicity. The features can be
divided into several categories: Composition (Co, Cr, Fe, Mn, and Ni), DFT-calculated
features (USFE, ISFE, UTFE, ESFE, UMFE, and MNE), literature-reported criteria for
determining deformation mechanism (twinnability) (49), criteria for determining
the TRIP/TWIP proposed in this work (if UMFE < UTFE), and the experimentally
observed deformation mechanism (TRIP dominant and TWIP dominant).

UMFE/UTFE criteria accuracy for steels

To examine whether the proposed UMFE/UTEE criterion is appli-
cable for other types of alloys, we performed DFT calculations of the
different fault energies for literature-reported TRIP or TWIP steels
(table S5) (62-65). The ISFE of TWIP steel (62) is calculated to be
-289.2 mJ/m? and hence, we cannot predict the deformation mech-
anism based on the calculated ISFE. However, its UTFE (107.3 mJ/m?)
is much smaller than the UMFE (243.6 mJ/m?), which indicates that
the energy barrier for twinning is lower than martensitic transfor-
mation. In the high-Mn steel Mn,;3 7Al5 ;Sis sFegs 6, where both twin-
ning and martensitic transformation operate durin% deformation
(63), the UTFE and UMFE are 317.4 and 329.6 m]J/m”, respectively.
The similar energy barriers explain well the coexistence of TRIP
and TWIP. However, it is difficult to infer the deformation mecha-
nisms based on the ISFE, which is 27.8 mJ/m?>. In the four different
steels tested in this work, the ISFE criterion cannot explain the defor-
mation mechanisms, while all experimental observations can be
explained by using the twinning and martensitic transformation
energy barriers proposed in this work.
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Fig. 8. Details of fault energies, deformation mechanism, and hardness. (A) ISFE, ESFE/TEE, and MEE of all designed alloys and two reference alloys; the dashed lines
are 20 and 40 mJ/m? corresponding to the upper limit of TRIP and TWIP, respectively. (B) USFE, UTFE, UMFE of all designed alloys and two reference alloys. (C) The hardness
of homogenized and cold-rolled samples. The average and sample SD for the designed alloys’ hardness is calculated on the basis of 10 indents for each sample. The
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DISCUSSION (66). The searched composition space is 0 < Co < 40 atomic (at %),
In this work, we found that processing history and athermal phase 0 < Cr < 40 at %, 0 < Mn < 40 at %, and 0 < Ni < 40 at %, with Fe
transformations should be considered in addition to the chemical as the balance element and its upper limit was set to be 40 at %.
composition for an accurate phase prediction of HEAs. Moreover,  First-principles calculations
we also showed that, while a low ISFE is favorable for the secondary ~ DFT calculations with the exact muffin-tin orbital (EMTO) (67)
deformation mechanism, it cannot predict whether martensitic ~method were performed to calculate the planar defect energies of the
transformation or twinning is the dominant deformation mecha-  studied alloys. As an improved screened Korringa-Kohn-Rostoker
nism. Instead, the difference between UMFE/UTFE and ISFE is the = method, the EMTO method uses optimized overlapping muffin-tin
energy barrier that determines the competition between twinning potential spheres to represent the exact one-electron potential (68).
and martensitic transformation. Last, seven HEAs with TRIP and  The one-electron equations were solved within the scalar relativistic
TWIP have been designed and produced to demonstrate the ef- approximation and the soft-core scheme. The chemical disorder of
fectiveness of our design approach by combining rapid CALPHAD  the HEA was treated with the coherent-potential approximation
screening of phase stability and accurate DFT-based prediction of  (69). The Perdew-Burke-Ernzerhof-generalized gradient approxi-
the deformation mechanism. mation (70) was used to approximate the exchange-correlation
It is noted that we did not test the tensile properties, which is  energy. The EMTO Green’s function was calculated self-consistently
more appropriate to evaluate the mechanical properties of the for 16 complex energy points distributed exponentially (71). On the
designed HEAs and may help us to select the best HEA with poten-  basis of the experimental observation that the Curie temperatures of
tial applications. Although the systematic mechanical property these systems are normally lower than room temperature (72), the
evaluation is beneficial, the target of this work, which is to provide  results from the paramagnetic (PM) state are chosen as a more effi-
guidance for calculating the energy associated with martensitic  cient approach (73). The initial magnetic field was described by the
transformation, discover the actual energy barrier for TRIP/TWIP, disordered local magnetic moment approach (74), each element
and propose a design paradigm for the community to accelerate the ~ was regarded as two separate parts with up and down spins. The
discovery of TRIP/TWIP in a wide spectrum of alloys, has been  stacking fault energy is calculated as the energy difference between
achieved. the ideal fcc lattice and the modified lattice containing the stacking
fault. To be specific, sliding one layer at different distances and fixing
the relative positions of other layers will obtain a series of stacking

MATERIALS AND METHODS fault energy. The sliding was modeled using tilted supercells from
Calculation applying a partial dislocation Burgers vector n b, (b, = ao<112>/6,
Thermodynamic screening where aj is the lattice constant, and 7 is increased by steps of 0.1 on

The CALPHAD approach was used for thermodynamic phase the original supercell, which is parallel to the stacking direction)
screening. The calculations were performed using the TC-Python (perpendicular to the stacking fault plane) (75). A model of succes-
toolkit from the Thermo-Calc software with the TCHEA4 database  sive nine (111) planes (47) was used in this work to eliminate the
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interaction between stacking fault layers and ensure convergence.
For each 0.1 b, sliding, the interlayer distances between the layers
containing the stacking fault were optimized (75), while other inter-
layer distances were fixed. The k-mesh was carefully tested for con-
vergence, and the 12 x 24 x 3 mesh was adopted for all calculations.
Correlation analysis

All statistical analyses were coded using SciPy (76) and scikit-learn
(77). For two continuous variables, the coefficient and associated
p-value of Pearson correlation and Kendall rank correlation were
calculated using SciPy (76). For two binary variable pairs, the Phi
coefficient was calculated using the Matthew correlation coefficient
implemented in scikit-learn (77). Furthermore, the p-value was
calculated using Fisher’s exact test available in SciPy. For one binary
variable and one continuous variable pair, the p-value was obtained
from the Mann-Whitney rank test in SciPy, and the effect size was
calculated on the basis of the method proposed by Kerby (78).

Experiments

Sample preparation, heat treatment, and deformation
High-purity elements [Mn, 99.98 weight % (wt %); Ni, 99.98 wt %;
Cr, 99.95 wt %; Fe, 99.99 wt %; and Co, 99.9 wt %] were weighted in
a high-precision balance (+ 0.1 mg) in accordance with the designed
compositions indicated in Table 1. We added an extra 2 wt % of Mn
to all compositions to compensate for the expected Mn evaporation
losses during casting. Forty grams of ingot for series one alloys and
10 g of ingot for the series two alloys were cast in an arc melter
(ABJ-338 manufactured, Materials Research Furnaces Inc., USA)
operated with a copper crucible and under an argon atmosphere.
Pure zirconium was used to remove any remnant oxygen present in
the casting chamber. Moreover, each alloy was remelted at least
three times to ensure a homogeneous ingot with less than 0.5%
weight loss. Afterward, disc- and rectangular-shaped samples cut
from the arc-melted ingots were encapsulated in quartz tubes, purged
under vacuum, and backfilled with argon gas. Homogenization was
carried out at 1200°C for 1 hour followed by ice water quenching.
Disc-shaped samples were used to study the microstructure without
deformation, while the rectangular-shaped samples were dedicated
for cold rolling. A 60% thickness reduction in a single pass during
cold rolling was designed to be imposed in all alloys to ensure that
large hcp plates or twins could form. Co3,CryoFe;6Mn;(Ni;, and
Co36Cry0Fe;6MnjNig alloys were machined to cylinder shape with
a diameter of 5 mm and a height of 10 mm. The cylinder samples
were compressed for & = 20%, with a strain rate of 107 s™' on an
MTS Landmark Servohydraulic Test System.

Microstructure characterization

Both undeformed and deformed samples were hot mounted, ground,
and polished to a mirror-like finish using a 0.1-um diamond and
0.02-pum silica particle suspension solutions. Microstructure charac-
terization was conducted using a FEI Scios DualBeam scanning
electron microscope. Energy-dispersive spectroscopy was carried
out to ensure that no element segregation was present after homoge-
nization. Furthermore, EBSD was performed for a 400 um by 400 pm
area with a step size of 0.75 pm for both sets of samples and analyzed
with the TexSEM Laboratories (TSL) orientation imaging microscopy
(OIM) Analysis v8 software. Thin-film TEM samples were prepared
with a Fischione Model 110 twin-jet electropolisher maintained at a
temperature range of —30° to —20°C, using an etching electrolyte com-
posed of 10 volume % perchloric acid and 90 volume % methanol.
Those samples were subsequently characterized with HRTEM to

Wang et al., Sci. Adv. 8, eabo7333 (2022) 9 September 2022

investigate the microstructure and the early deformation stage using
a JEOL JEM-2100F 200 kV TEM equipped with a Schottky field-
emission gun.

Microhardness

Vickers microhardness measurements were conducted in all samples
using an AMH55 with LM310AT Microindenter, LECO Corporation
automatic hardness tester with 100 gram-force and 10-s dwelling time.
Reported values correspond to an average and SD of 10 readings.

SUPPLEMENTARY MATERIALS

Supplementary material for this article is available at https://science.org/doi/10.1126/
sciadv.abo7333
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