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Multi–principal element alloys (MPEAs) exhibit outstanding mechanical properties
because the core effect of severe atomic lattice distortion is distinctly different from that
of traditional alloys. However, at the mesoscopic scale the underlying physics for the
abundant dislocation activities responsible for strength-ductility synergy has not been
uncovered. While the Eshelby mean-field approaches become insufficient to tackle
yielding and plasticity in severely distorted crystalline solids, here we develop a three-
dimensional discrete dislocation dynamics simulation approach by taking into account
the experimentally measured lattice strain field from a model FeCoCrNiMn MPEA to
explore the heterogeneous strain-induced strengthening mechanisms. Our results reveal
that the heterogeneous lattice strain causes unusual dislocation behaviors (i.e., multiple
kinks/jogs and bidirectional cross slips), resulting in the strengthening mechanisms that
underpin the strength-ductility synergy. The outcome of our research sheds important
insights into the design of strong yet ductile distorted crystalline solids, such as high-
entropy alloys and high-entropy ceramics.

Multi–principal element alloys j heterogeneous lattice strain j dislocation kink/jog j strengthening
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The strength-ductility trade-off is a longstanding issue for conventional alloys that are
usually based on one or two principal elements. In the past decade, a new alloy design
strategy has been proposed to produce severely distorted crystalline solids, which are
called multi–principal element alloys (MPEAs) or high-entropy alloys (HEAs) (1–4).
Interestingly, the MPEAs with a simple solid-solution crystalline structure but a high
degree of chemical disorder exhibit excellent mechanical properties, such as great duc-
tility and superb strength, superior elastic strain limit, and high fatigue, fracture, corro-
sion, and wear resistance (5–10). These good mechanical properties of the MPEAs are
believed to originate from an unusual dislocation lattice interaction, which could be
associated with a heterogeneous lattice strain effect caused by the random mixing of
multiple principal elements with distinct atomic sizes, bonding variations, and crystal
structure differences (11–15). However, the effect of such a heterogeneous lattice strain
field on the mechanisms of three-dimensional (3D) dynamic dislocation strengthening
is still elusive, which can be easily shadowed by the occurrence of massive dislocation
motions within a short time period and across large length scales (16–19).
On the other hand, it has been well established that discrete dislocation dynamics

(DDD) simulations are capable of exploring the dynamic dislocation evolution in
alloys at the mesoscopic scale (20, 21). However, one has to consider the presence of
the heterogeneous lattice strain field in order to study the dynamic strain hardening in
MPEAs by using DDD simulations. To the best knowledge of the authors, no attempt
has yet been made to build a 3D lattice distortion model that can formally investigate
the dislocation motion/multiplication/interaction, dislocation plasticity, and strain
hardening at the micro or meso scale. In the present work, we first study and character-
ize the lattice strain field in the FeCoCrNiMn MPEA (i.e., the Cantor alloy) from
experiments (22). After that, we use a random field theory to fit the heterogeneous lat-
tice strain field to a continuum model and use the fitted result as an input for our
DDD simulations (see SI Appendix, Text 1). Based on these results, we can then reveal
the massive dynamic dislocation evolution with and without considering the heteroge-
neous lattice strain field. The predictions of our DDD simulations are further bench-
marked with the micropillar tests of the Cantor alloy and its variants.
The lattice distortion induced heterogeneous strain distribution in the 3D space was

commonly assumed to be one of the most important structural features in MPEAs.
However, few previous studies have provided direct experimental evidence to support
this hypothesis. To address this issue, many experimental approaches have been
adopted for the direct measurement of the lattice distortion in MPEAs in recent years
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(23). Among them, the geometric phase analysis (GPA) meth-
ods based on transmission electron microscopy (TEM) experi-
ments have been widely used for the characterization of lattice
strain in MPEAs (15, 24–26). In the present work, we adopt
the GPA method to measure the atomic lattice strain of an
undeformed Cantor alloy (Fig. 1A) in the defect-free region, as
indicated by the filtered inverse fast Fourier transformation
(FFT) image (Fig. 1B). It is evident that the normal strain
along the [111] direction alternates its sign across a distance of
1–2 nm in the Cantor alloy (Fig. 1D), hence defying the classic
Eshelby mean field theory used for traditional alloys. We calcu-
lated the root-mean-square strains within the regions of different
scan size from these experimental results (SI Appendix, Text 1).
As shown in Fig. 1C, the root-mean-square strains show a power
law decaying relation with the scan size, which is consistent with
the fractal distribution of the residual strain field reported by
Shao et al. (24) and Sayles and Thomas (27). In addition, the
strain distribution is relatively random, with the strain amplitude
fluctuating from one atom site to another. According to the
two-dimensional Weierstrass-Mandelbrot fractal method (Fig.
1E), we develop the 3D strain-field function described in SI
Appendix, Text 1. The statistical results of strains (Fig. 1F) show
that the strain-field mapping in the Cantor alloy, as acquired by
the fractal function, is consistent with the experimental result.
While the average strain value is close to zero, the strain distribu-
tion is wide. This trend reflects the fluctuation of the residual
strain at various positions inside the crystal lattice, being consis-
tent with the experimental statistical result (24).
The micropillar compressions were conducted to reveal the

dislocation movement and multiplication in the Cantor alloy.
The electron backscatter diffraction (EBSD) inverse pole figure
(IPF) map shows an equiaxed grain microstructure of the Can-
tor alloy with an average grain size of about 80 μm (Fig. 2A).
The grains with the [100] orientation were selected for the
milling of micropillars. The microcompression stress-strain
curves are presented in Fig. 2B. The distinct strain bursts in the
stress-strain curves were associated with the event of dislocation

avalanche. A representative morphology of the deformed micro-
pillars is shown in Fig. 2C. The slip traces of the f111g slip
planes are visible on the scanning electron microscope (SEM)
image. Additionally, multiple slip systems were activated during
the deformation process. The postmortem TEM characteriza-
tion was conducted on the deformed micropillar to reveal the
dislocation configurations. The bright-field TEM image shows
a very high density of dislocations that can be keyed to the pri-
mary slip systems of (1�11)and (11�1) planes (Fig. 2D), which is
consistent with the calculation of the Schmid factors of all pos-
sible slipping systems along the [100] loading direction (SI
Appendix, Table 5). To quantify the effect of the atomic lattice
strain on the dislocation movement, we also performed the GPA
analysis on the deformed micropillar samples. Fig. 2 E and F
show the high-resolution TEM image and the corresponding
inverse FFT filtered image, where the dislocations are clearly visi-
ble. Fig. 2G displays the corresponding atomic strain map along
the [111] direction. Evidently, the lattice strains are highly local-
ized in the regions around the dislocations, where a high lattice
resistance to the dislocation movement is expected. Similar to
the previous experimental findings (25), we find that the strain
field around dislocations is mainly tensile in the MPEA (Fig.
2G). These experimental results are important and provide the
crucial evidence for pursuing a more quantitative study of this
phenomenon with the DDD simulations.

In order to fully understand the effect of the heterogeneous
strain field on strain hardening in MPEAs, we studied several
cases in our DDD simulations, including single-crystal tension,
microcompression, dislocation multiplication, and cross slip. A
uniaxial tension was first applied on a single crystal in the DDD
simulations with and without considering local lattice distortion
or, equivalently, local lattice strains (Fig. 3A). As expected, the
lattice strain can restrict the dislocation motion, hence improving
the yield strength (Fig. 3B). In the presence of the heterogeneous
lattice strain, we find that dislocation motion at a highly dis-
torted (or strained) site requires a great shear stress to initiate,
therefore leading to dislocation multiplications at a higher stress

A B C

D E F

Fig. 1. Experimental characterization and characteristic analysis of a heterogeneous lattice strain field in an undeformed Cantor alloy. (A) The high-angle annular
dark-field scanning transmission electron microscopy image with the [011] zone axis. (B) The filtered inverse FFT image of (111) plane of (A). (C) The correlation
between the root-mean-square residual strain from the experiment and the scan size. RMS is the root-mean-square residual strain. Sq, A, B, and Lscan are the
parameters of the exponential function. (D and E) The contour map of the residual strain along the [111] direction obtained by the experiment and by the fractal
function, respectively. (F) The statistical distribution of the strain from the experiment and fractal function.

2 of 7 https://doi.org/10.1073/pnas.2200607119 pnas.org

http://www.pnas.org/lookup/suppl/doi:10.1073/pnas.2200607119/-/DCSupplemental
http://www.pnas.org/lookup/suppl/doi:10.1073/pnas.2200607119/-/DCSupplemental
http://www.pnas.org/lookup/suppl/doi:10.1073/pnas.2200607119/-/DCSupplemental
http://www.pnas.org/lookup/suppl/doi:10.1073/pnas.2200607119/-/DCSupplemental
http://www.pnas.org/lookup/suppl/doi:10.1073/pnas.2200607119/-/DCSupplemental


(Fig. 3C) and more slip systems being activated to further
amplify dislocation multiplications at a fast rate. To reveal how
the heterogeneous lattice strain influences the dislocation behav-
ior, the evolving dislocation configurations in microcompression
are shown in Fig. 3 D–F. In line with the experimental results
(Fig. 2D), a secondary slip system is activated during the defor-
mation process, which results in the interaction of slip traces and
also cross slips that give rise to a high density of stored disloca-
tions and a significant work hardening (Fig. 3 D and E). Here we
note that the heterogeneous lattice strain can help generate a large
number of mobile tortuous dislocations on multiple slip systems,
leading to extensive dislocation forest strengthening. For different
crystallographic orientations, the yielding strengths predicted by
the current DDD simulations are consistent with the experimen-
tal measurements (Figs. 2B and 3F). Furthermore, we also dis-
cussed the relationship between the strength and heterogeneous
lattice strain in a quantitative manner (see SI Appendix, Text 2).
According to our experiments, the root-mean-square lattice strain,
extrapolated from the high-resolution TEM images, can be corre-
lated positively with the yield strengths of the MPEAs.
As one of the most important dislocation-multiplication

mechanisms, Frank-Read (FR) sources play a fundamental role
(28). To uncover the effect of the heterogeneous lattice strain on
dislocation multiplication, the configurations of the dislocation
acting as an FR source with and without lattice strains are

presented in Fig. 3 G and H, respectively. Clearly, dislocation
pinning is observed at the sites of high shear resistance (Fig. 3I).
Here it is worth noting that we quantitatively assessed the effect
of the heterogeneous lattice strain on the resistance against dis-
location movement and derived a formula for the heteroge-
neous strain dependent critical resolved shear stress (SI
Appendix, Text 2). In order to minimize the elastic energy, the
configuration of a dislocation line has to vary with the local
elastic stress (or strain) field (14, 15). Therefore, when a dislo-
cation starts to move, the trajectory of its motion could be
wavy and involves numerous “pinning-and-depinning” pro-
cesses when the dislocation line sweeps through a fluctuating
elastic stress field on the slip plane (2). This also affects the
operation of the FR source, as captured by our DDD simula-
tions (see Movies S1 and S2 for details). Within the heteroge-
neous lattice strain field, the dislocation slip becomes
“sluggish,” with multiple pinning sites being formed, which
raises the dislocation density and the probability of dislocation
entanglements, eventually leading to improved strain harden-
ing. In contrast, we did not find significant strain hardening if
the heterogeneous lattice strain is excluded in our DDD simu-
lations. Recently, it was found that chemical short-range order
(SRO) may be coupled with lattice distortion in altering the
mechanical properties of MPEAs (25, 26, 29, 30). In such a
case, we also studied the effect of SRO on the local lattice
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Fig. 2. Microstructures and mechanical properties of the Cantor alloy micropillar are characterized by compression experiments. (A) The EBSD IPF map of
the Cantor alloy. The grain with the [100] direction was selected for the micropillar compression test. (B) The stress-strain curves of the micropillars com-
pression along the [100] direction. The diameters of all the micropillars are 2 mm. (C) The SEM image shows the morphology of a deformed micropillar.
(D) The bright-field TEM image presents slip bands in the deformed micropillar. (E) The high-resolution TEM image of the deformed sample with the [011]
zone axis. (F) The filtered inverse FFT image of (111) plane of (E). (G) The corresponding atomic-scale strain map, εxx.
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strain in a model MPEA with molecular dynamics (MD) simu-
lations (see SI Appendix, Text 2). Our preliminary results show
that SRO may increase local shear strains; however, this is
beyond the scope of the current study and will be addressed in
our future work.
Aside from the FR source, we also studied the cross-slip behav-

ior of dislocations that may involve double cross slips and multiple
kinks/jogs in the presence of the heterogeneous lattice strain (Fig.
4), which can contribute to strain hardening as well. Once disloca-
tions can be pinned at various locations in the heterogeneous lattice
strain field, we observe repetitive formation and annihilation of
kinks on the screw or edge dislocations when they glide on their
slip plane (Fig. 4 A and B), which results in a constant change in
the length of mobile dislocations (Fig. 4C). In theory, this dynamic
behavior causes the oscillation of the elastic strain energy stored in

the system, which hinders smooth dislocation movements and
prompts the cross slip of dislocations (Fig. 4 D–G), for instance,
from the (�111) plane to the (11�1) slip plane in order to minimize
local lattice resistance (SI Appendix, Text 3). Similarly, these dislo-
cations can cross slip back onto the (�111) plane as the plastic flow
continues, resulting in a double cross slip (Fig. 4 H).

Interestingly, we found that the dislocation double cross slip
causes not only dislocation proliferation but also the formation
of dislocation walls (Movie S3). Here we note that the extensive
cross slip we observed in our DDD simulations is consistent
with the in situ TEM observations (15) and previous MD sim-
ulations (31), where the cross-slip rate in random face-centered
cubic alloys is expected to be greatly accelerated by the reduc-
tion in local cross-slip barriers. As seen in Fig. 4 I and J, during
dislocation double cross slip, our DDD simulations show that
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Fig. 3. Stress-strain curve and dislocation configuration/evolution in MPEAs. (A) Diagram of DDD simulations for MPEAs. (B) The relationship between
the stress and strain in a bulk MPEA. (C) The dislocation density with increasing strain. Here, “Without lattice distortion” indicates the pure metal, which has
the same elastic constant and Poisson ratio as the Cantor alloy. The five-pointed star indicates the yield point, in which the dislocation multiplication occurs.
(D and E) The dislocation configurations in the micropillar at strains of 0.39 and 0.57%. The dislocations on the (111) slip plane (blue line), (�111) slip plane
(red line), (1�11) slip plane (light yellow line), and (11�1) slip plane (green line). (F) The yielding strength of the micropillar obtained from the experiments and
DDD simulations at different loading orientations. (G and H) The dislocation configurations of the FR source at the critical shear stress for different FR source
lengths without and with lattice distortion, respectively. (I) The dislocation configuration of the FR source under the shear-stress field on the (�111) dislocation
slip plane along the [110] direction, where the black arrows indicate the stress valley to inhibit the dislocation motion and the white arrows indicate the
stress peak to promote the dislocation motion. For (G–I), the pink, red, blue, and green lines indicate FR sources with source lengths of 1,000, 1,500, 2,000,
and 4,000 b. Here, b is the magnitude of the Burgers vector.
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the screw dislocation forms a jog pair on the junction of the
(11�1) and (�111) plane (Fig. 4 I and J), which has also been
observed in the early work (32). In the case of strong local pin-
ning, we even observed the dislocation cross slip in two oppo-
site directions (Fig. 4K), leading to an increased cross-slip rate
and a unique multijogged dislocation configuration, which,
however, was not observed in the absence of the heterogeneous
lattice strain field (Movies S4 and S5).
In summary, we performed extensive experiment-informed

DDD simulations to study the heterogeneous lattice strain-
induced strengthening in the MPEAs in this work. In particular,
we investigated single-crystal tension, micropillar compression,
dislocation multiplication at FR sources, and dislocation cross
slips in the presence of heterogeneous lattice strains. Our DDD

simulations unravel the heterogenous strain–governed mechanisms
for the strength-ductility synergy in MPEAs, which can be
ascribed to a transition from conventional dislocation strengthen-
ing to heterogeneous lattice strain–boosted dislocation strengthen-
ing. In the long term, we envision that this study not only
provides quantitative insights into dislocation hardening mecha-
nisms in MPEAs but also paves the way for the development of
advanced severely distorted crystalline solids by fine- or coarse-
tuning the intrinsic heterogeneous lattice strains.

Experimental Methods

Materials Synthesis. The Cantor alloy samples were prepared
through the arc-melting method in a high-purity argon
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Fig. 4. Characterization of dislocation motion in MPEAs. (A) and (B) The screw/edge dislocation kink is formed at the stress peak. (C) The corresponding dis-
location line length and energy fluctuate violently with strain (here E� ¼ μb2lnðR=r0Þ=4π). (D) The dislocation evolution on the ð�111Þ plane. (E–H) The process
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atmosphere. The raw materials with purities of at least 99.9
weight percent (wt.%) were remelted at least four times to
ensure chemical homogeneity. The ingots were cast into a
cylindrical mold with a diameter of 10 mm. Heat treatment
was conducted at 1,200 °C for 30 h to obtain an equiaxed
grain structure.

Characterization Methods. The sample was cut and mechani-
cally polished with SiC papers. The EBSD characterization was
conducted, with a field emission SEM (Quanta 650 FEG, FEI) at
20 kV, employing the secondary electron mode. The high-angle
annular dark-field scanning TEM experiment was carried out
with a FEI Titan Themis 80–300 operated at 300 kV. The high-
resolution TEM experiment was carried out with a JEOL JEM
2100F microscope. The undeformed Cantor alloy TEM samples
were mechanically polished to a thickness of about 50 μm. After
that, the thin sheet was punched into discs with a diameter of
3 mm, followed by mechanical dimpling. Then, the TEM sam-
ples were ion milled, using Gatan PIPS Model 695, to a thickness
of electron transparency. The TEM sample of the deformed
micropillar was prepared on a FEI scanning electron microscope/
focused ion beam (SEM/FIB) system according to the normal ion
beam thinning procedure. The geometric phase analysis was car-
ried out via the open source program Strain ++ (33).

Micropillar Compression. The micropillars were milled on an
FEI SEM/FIB system. The diameter of the micropillars was
about 2 μm and aspect ratio about 2. The taper angles of
micropillars were all carefully controlled to be less than 2.5°.
Micropillar compression tests were conducted on a Hysitron TI
950 TriboIndenter system.

Root-Mean-Square Strain. The root-mean-square value of the

strain field, εði, jÞ, Sq ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1

NxNy
∑Nx�1

i¼0 ∑Ny�1
j¼0

�
εði ,jÞ ��ε

�2
r

, is

used to investigate the fractal characteristics of the strain field
in MPEAs (27). Here, �ε is the mean value, and Nx , and Ny are
the numbers of samples along rows and columns on the strain
image, respectively, and Nx ¼ 100 and Ny ¼ 100 are used in
our work. The εði, jÞ denotes the measured value of the strain
in the pixel, (i, j), of the image.

Structure-Function Method. The strain-scale parameter, H,
and the fractal dimension, D, of the strain field can be
calculated by the structure-function method (34). Three-
dimensional structure function is defined as Sðτx,τyÞ ¼
h ðzðx ,yÞ � zðx þ τx,y þ τyÞÞ2i, where τx ¼ Lhori cosθ and τy ¼
Lhori sinθ are the spatial distances between an original image
(x, y) and its delayed copy ðx þ τx, y þ τyÞ, Lhori is the horizontal
length, and zðx, yÞ denotes the measured strain in the pixel (x, y)
of the image. The h� � �i is the mean value. θ¼ 2π

n ,
π
n , :::2π

(n = 50 in our work) is used to build n profiles derived from the
image. Any profile of the structure function obeys the approxi-
mate scaling-law behavior SðLhoriÞ ¼ΛðLhoriÞ2ð2�DsÞ, where
Dp ¼ 4�Ts

2 is the profile fractal dimension. In the strain-scale

parameter, H¼ exp lnΛþlnf2Γð5�2DpÞsin½ð2�DpÞπ�g�lnπ
2ðDp�1Þ

n o
, ΓðxÞ is the

gamma function. Ts and lnðΛÞ are the slope and intercept of a
log-log plot of S vs. Lhori. The surface fractal dimension is DSF ¼
hDpi þ 1. The strain-field-fractal dimension is D¼DSF þ 1.
The fractal dimension, Dij, and strain amplitude, Hij, for the
strain components εij of the Cantor alloy based on experimental
results are listed in SI Appendix, Table 1.

Discrete Dislocation Dynamics Simulations. All DDD simula-
tions performed in our work use an open source code, ParaDiS,
originally developed at the Lawrence Livermore National Labo-
ratory (20). The parameters used in ParaDiS for the DDD sim-
ulations of the Cantor alloy are listed in SI Appendix, Table 3.
The exceptions are explained below. In the DDD simulation of
a bulk MPEA, the simulation cell is a cube with a length of 5.5
μm (35) subjected to periodic boundary conditions on all six
surfaces. The dislocation structure with the initial density of
ρ0 ≈ 1:4 × 1012/m2 is first relaxed to an equilibrium state, and
then it is subjected to the constant strain rate of _ε ¼ 104/s1

along ½�123�. The shear stress, τ, and strain, γ, are related to the
normal stress, σ, and strain, ε, by τ¼ Sσ and γ¼ ε=S , where
S = 0.4667 with a tensile direction of ½�123�. The Schmid factor
of the Cantor alloy under the loading direction of ½�123� is
listed in SI Appendix, Table 2. In the DDD simulation of the
MPEA pillar at the tensile directions of [001], [110], and
[112], the initial dislocation density is ρ0 ≈ 6:4 × 1012/m2, and
the diameter of the pillar is 2,000 nm according to our com-
pression experiment (Fig. 2C). The Young’s modulus values of
the FeCoCrNiMn MPEA micropillar compression experiments
are listed in SI Appendix, Table 4, and the average of Young’s
modulus (about 74.5 GPa) is used in the DDD simulation of
micropillar compression. The other material parameters are
shown in the SI Appendix, Text 4.

Data Availability. All study data are included in the article and/or supporting
information.
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