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We demonstrate direct production of graphene on SiO2 by CVD growth of graphene at the interface between
a Ni film and the SiO2 substrate, followed by dry mechanical delamination of the Ni using adhesive tape.
This result is enabled by understanding of the competition between stress evolution and microstructure
development upon annealing of the Ni prior to the graphene growth step. When the Ni film remains
adherent after graphene growth, the balance between residual stress and adhesion governs the ability to
mechanically remove the Ni after the CVD process. In this study the graphene on SiO2 comprises
micron-scale domains, ranging from monolayer to multilayer. The graphene has .90% coverage across
centimeter-scale dimensions, limited by the size of our CVD chamber. Further engineering of the Ni film
microstructure and stress state could enable manufacturing of highly uniform interfacial graphene followed
by clean mechanical delamination over practically indefinite dimensions. Moreover, our findings suggest
that preferential adhesion can enable production of 2-D materials directly on application-relevant
substrates. This is attractive compared to transfer methods, which can cause mechanical damage and leave
residues behind.

R
ecent advances in the growth of graphene by chemical vapor deposition (CVD) have enabled the controlled
preparation of graphene films of uniform thickness and high quality, despite their polycrystalline structure
and orientation1. To realize many of the potential applications of graphene, there remains a need for

scalable methods of transferring graphene from the metal film or foil growth substrate, which is often Cu or
Ni, to application-specific substrates2. Moreover, graphene transfer methods typically require multiple steps, and
can damage the graphene and/or degrade its properties such as electron mobility3–5.

Graphene is most commonly transferred from the metal growth substrate by depositing a polymer film, such as
polymethyl methacrylate (PMMA) or polydimethlsiloxane (PDMS) on top of the graphene. This allows etching
of the metal to free the polymer-supported graphene for transfer to the desired surface, followed by mechanical
transfer to the target surface6–8. Unfortunately, chemical etching and transfer with a polymer support layer can
introduce wrinkles, tears, and unintended doping of the graphene while leaving behind polymer residue.
Graphene removal from metal has alternatively been achieved by depositing epoxy on the graphene followed
by mechanical peeling9,10. This approach also requires dissolution of the support, and can result in incomplete
transfer. More recent work achieved transfer of graphene from SiC to SiO2/Si by via deposition of a stressed Ni
film on top of the graphene/SiC after growth, followed by mechanical delamination and transfer of the film
stack11. This method resulted in a uniform wafer-scale graphene film on the target substrate, but still involved
transfer and wet etching of the Ni adhesive layer.

It would be more attractive to fabricate graphene directly onto dielectric substrates, thereby avoiding wet
chemical processing and the use of a support layer for transfer. Interestingly, it has been shown that graphene
grows at the interface of dielectric substrates and Ni or Cu films, under the same conditions that, simultaneously,
result in growth on top of the metal film12,13. In a related technique, graphene microribbons have been grown at
the boundary between lithographically patterned Ni and SiO2, where the edges of the Ni dewet and recede during
the CVD process14. However, removal of the metal film for these interfacial growth systems still requires a wet
etching step. Direct fabrication of graphene on SiO2 was achieved over small areas by in situ dewetting and
evaporation of a Cu film, which first acted as the growth substrate15. However, this method may be challenging to
apply to large-area growth of uniform films, and suffers from contamination due to evaporated metal in the CVD
system.
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We report the direct fabrication of graphene on SiO2 by growth of
interfacial graphene between Ni and SiO2, followed by dry mech-
anical removal of the Ni film from the substrate. This process is
enabled by stress engineering of the Ni film along with the reduction
adhesion caused by the interfacial graphene layer (IGL). We study
the relationship between the microstructure and stress evolution of
the Ni film, and find that annealing the film in He prior to graphene
growth induces increased stress development. Moreover, the anneal-
ing and graphene growth conditions mediate whether the Ni film
delaminates in situ upon graphene growth, or remains adherent to
the substrate after the process.

Results
Interfacial graphene layer (IGL) growth by CVD and removal of
Ni film. Direct formation of graphene on SiO2, followed by dry
removal of Ni, is achieved using Ni thin films with engineered
microstructure and stress. The stress in the Ni is controlled by the
residual stress from the film deposition process as well as the stress
evolution during the annealing of the film prior to graphene growth.
Ni films (200 nm) were deposited by e-beam evaporation on (100) Si
wafers with 300 nm thermally grown SiO2. Graphene growth was
performed using a cold-wall quartz tube CVD system, where the
sample is placed on a suspended resistively heated Si platform16.
The system is shown in Supplementary Fig. 1 (Supplementary
Information) and an exemplary program of substrate temperature
and gas flows is shown in Supplementary Fig. 2. Due its low thermal
mass, the heated platform reaches the process temperature (800–
900uC) in approximately 10 seconds. After heating, the platform is
held at constant temperature, typically for 5 minutes. Experiments
were performed using He or H2 as the annealing atmosphere. C2H2

(see Methods) was used as the carbon source for graphene growth,
with exposure times ranging from 10–120 seconds. The process was
terminated by turning off the heater power, resulting in rapid cooling
of the substrate (,50uC/s). Experiments were performed both at low
pressure (2 Torr) and atmospheric pressure; in each case the pressure
was kept constant throughout the process.

Via this general CVD method, graphene forms both on the top and
bottom (at the Ni/SiO2 interface) of the Ni film. Graphene growth at
the interface is promoted by diffusion of carbon through the Ni and
along grain boundaries12,13. The adhesion of Ni to the substrate and
the presence of a remaining graphene layer on the SiO2 after Ni film
delamination depend on the CVD parameters. As a result, direct
transfer of the IGL can be controlled either by in situ delamination
of the Ni during the carbon exposure step at high temperature, or
mechanical delamination of the Ni after cooling and removal of the
substrate as shown in Fig. 1c and 1b, respectively. In our system, at
atmospheric pressure, the stress-induced delamination of the wea-
kened films often occurs during the growth phase of the CVD pro-
cess, depositing the IGL on SiO2 at a steady elevated temperature
(Fig. 1c). Films that are annealed and exposed to hydrocarbons at low
pressure remain adhered to the substrate yet can be removed cleanly
after cooling with Scotch tape, by firmly applying the tape to the
cooled sample surface and peeling manually. In this case, the Ni
delaminates from the IGL in a single, continuous film (Fig. 1b).

Under low pressure conditions (2 Torr), 5 minutes of He exposure
is needed to enable tape delamination after cooling. Experiments
using H2 annealing at low pressure did not enable tape delamination
of the Ni, while atmospheric pressure conditions enabled partial
delamination of Ni (i.e., patches remained adhered to the substrate)
using tape. However, when the process involved annealing in H2

rather than He, graphene did not remain on the SiO2 after delamina-
tion of Ni. This suggests that He annealing is vital to control the stress
and microstructure of the Ni film and adhesion of the IGL, which is
discussed in detail later. X-ray photoelectron spectroscopy was used
quantify the surface composition after Ni delamination using tape,
and we found a trace remnant of Ni (0.35%, Supplementary Fig. 3)
remaining on the SiO2.

Optical imaging of the SiO2 after Ni delamination (Supplementary
Fig. 4) shows a clean surface with features appearing ,1–2 mm in
size. Because of the small domain size and the frequency of wrinkles
and edges as discussed below, we did not find it possible to judge the
number of layers based on optical images. Therefore, confocal

Figure 1 | Direct fabrication of graphene on SiO2 by interfacial growth followed by delamination of the Ni film. a) Process schematic, indicating

Ni grain growth during annealing in He, followed by graphene growth under CVD conditions, and then removal of Ni using adhesive tape. Photos of

substrates (,1 3 1 cm) and delaminated Ni films in case of b) ex situ tape delamination after graphene growth and c) in situ delamination during the

graphene growth step. In the latter case the Ni film retains its integrity upon delamination and is moved to the side using tweezers after the sample is

taken from the CVD system.

www.nature.com/scientificreports
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Raman spectroscopy was used to quantify the coverage and quality of
the IGL adhered on SiO2 after removal of the Ni film (Fig. 2). The
graphene on SiO2 displays the most recognized characteristic
peaks: the G band (,1590 cm21), D band (,1338 cm21), and the
2D band (,2660 cm21). 2-dimensional Raman mapping gives an
average 2D/G integrated peak ratio (I2D/IG) of ,0.57 and average
D/G integrated peak ratio (ID/IG) of ,0.13, with full coverage
over the substrate. Over 70% of the mapped area displays ID/IG ,

0.2, indicating high quality and uniformity of the IGL. The FWHM
of the G and 2D are ,26 cm21 and ,40 cm21, respectively. The
narrow FWHM of the 2D peak without the accompanying high
I2D/IG suggests a misaligned orientation between graphene layers17.
Additional overtone and combination mode features18–20 are
observed including M (1750 cm21) and iTOLA (1950 cm21) com-
bination modes, G* (2450 cm21), G 1 D (2950 cm21), and 2D’
(3240 cm21). Raman maps of the G, D and 2D bands are shown in
Supplementary Fig. 5.

We make two further striking observations, namely, splitting of
the G peak, and asymmetric peak shifts (Fig. 2a). The splitting of the
G peak (G2 at 1570 cm21 and G1 at 1590 cm21) of the IGL is sug-
gestive of strain21 and/or the zigzag edge structure of the graphene
layers22. In comparison, graphene examined on the exposed side
(top) of the delaminated Ni film does not exhibit splitting of the G
peak. For the IGL, a significant blue shift of the 2D peak location is
observed, accompanied by a red shift of the split G peak. Strain
usually affects the G and 2D peaks in a symmetric manner, suggest-
ing that the shift in our results is due to the interference of multiple
effects. Moreover the shift in the G peak of the IGL could also arise
due to distance-dependent interactions with the SiO2, influencing
the local charge density levels of graphene23.

Growth of graphene at the Ni/SiO2 interface is further confirmed
by cross sectional TEM imaging. Figure 3a shows a bright field cross-
sectional TEM image revealing the thicknesses of the SiO2 (300 nm)
and Ni layers (150 nm). Note that the average film thickness of the Ni
reduces from the as-deposited value of 200 nm, due to densification
during heat treatment. To resolve the IGL precisely, the cross-sec-
tional specimen was tilted to the [011] zone axis of Si (Supplementary
Fig. 6), revealing the lattice fringes shown in Fig. 3b with interlayer
distance of 0.352 nm (Fig. 3c).

Plan view TEM was also employed to investigate both the top and
interfacial graphene films. Graphene grown on the top surface of the
Ni film is apparent from the bright field image showing the lacy
carbon structure beneath the graphene layers (Supplementary Fig.
7a). Bilayer and few layer graphene domains are evident from the
frequently observed Moiré fringes and SAED pattern containing two
sets of six fold pattern with misorientation (Supplementary Fig. 7b).
Similar graphene domains grown at the Ni-SiO2 interface, then
removed from the substrate for imaging, are shown in Supplemen-
tary Fig. 7c.

AFM characterization of the IGL shows distinct closed wrinkles of
,1 nm height and ,50 nm period (Supplementary Fig. 8a). This
closed wrinkle structure matches the microstructure of the Ni film,
indicating the formation of wrinkles around the Ni grains. Moreover,
the closed wrinkles in the IGL suggest that graphene grows outward
from the Ni grains that are pinned against the SiO2, and that the
wrinkles accumulate at the grain boundaries. Similar closed wrinkles
are observed in SEM images of the Ni top surface after graphene
growth (Supplementary Fig. 8b). Thermally induced wrinkles
(Supplementary Fig. 8c), which form a web-like pattern, are also
observed on graphene on top of the delaminated Ni. However, these
are not seen in the transferred IGL on SiO2/Si. Graphene has negative
thermal expansion (28 3 1026 K21) and therefore expands upon
cooling, while both Ni and SiO2/Si substrates have positive thermal
expansions, and therefore shrink upon cooling from the growth
temperature. The thermal expansion coefficient of Ni is at least five
times that of Si, causing graphene grown on Ni to develop a greater

Figure 2 | Raman spectroscopy of graphene on SiO2 after tape
delamination of Ni. a) Single pixel Raman spectra of graphene on SiO2

(blue, orange, and black), compared to graphene grown on the top

surface of the same Ni film (green). Graphene on SiO2 displays a

significant blue shift of the 2D peak location accompanied by a splitting

and red shift of the split G peak. b) 2-D Raman mapping shows

uniform coverage and quality (average ID/IG 5 0.13) across the

substrate c) histogram from the I2D/IG map suggests that graphene

domains range from one to several layers.

www.nature.com/scientificreports
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higher compressive stress, which explains why thermal wrinkles are
more clearly visible on the top layer graphene on Ni24.

The same conditions were used to create self-patterned islands of
graphene on SiO2. As shown in Fig. 4, we first patterned Ni features
by a lift-off process (see Methods), then performed the graphene
growth process, then removed the Ni with tape. Arrays (here 30 3

30 mm) of IGL patches of comparable quality and coverage to the
non-patterned samples were confirmed by 2-D Raman spectroscopy.

Last, we note that we occasionally observed carbon nanotubes
(CNTs) at the boundary of Ni regions that delaminated in situ,
where Ni particles were created due to dewetting of the Ni film
(Supplementary Fig. 9). This is not surprising considering that Ni
nanoparticles are frequently used to template CNT growth under
hydrocarbon CVD conditions. However, we have exhaustively
examined our samples to ensure that this is an isolated effect, and

moreover do not find CNTs on samples that remain adhered
throughout the process and subsequently underwent tape-assisted
delamination of the Ni.

Stress engineering of Ni to enable delamination after graphene
growth. Stress development due to grain growth and microstructure
formation within the Ni film during the annealing and graphene
growth steps is critical to enable delamination of Ni and adherence
of graphene to SiO2 after the process. The stress development and
mechanical integrity of Ni is highly coupled to the deposition
parameters, film thickness, thermal expansion mismatch, anneal-
ing conditions, and CVD conditions.

The as-deposited Ni film (Fig. 5a) with thickness of 200 nm has a
nearly equiaxed grain size of approximately 14 nm. Significant grain

Figure 3 | TEM analysis of interfacial graphene layers (IGL). a) Cross

sectional bright-field TEM and b) HRTEM images of graphene grown at

the Ni/SiO2 interface. c) The line intensity profile across the SiO2-IGL

interface, corresponding to the line drawn in (b) resolves the graphene

interlayer spacing of 0.35 nm.

Figure 4 | Fabrication of micro-scale graphene patterns by tape
delamination of pre-patterned Ni, following IGL growth. The schematic

in a) shows the tape delamination of Ni leaving the patterned IGL on SiO2.

b) SEM shows the delaminated Ni patterns on tape while the interfacial

graphene on SiO2 is confirmed by c) 2-D Raman map of IG.

www.nature.com/scientificreports
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growth and densification are observed after atmospheric pressure
annealing in He; after 5 minutes the Ni film has average grain size
of approximately 350 nm, and the grains are densely packed
(Fig. 5a). SEM images also reveal that annealing in He imparts a high
surface area porous microstructure, arising from He trapping and
segregation in Ni25,26. Annealing in He (Fig. 5b) at low pressure does
not cause appreciable grain growth in our Ni films. In comparison,
annealing in H2 (Fig. 5c,d) displays grain growth without the
development of a porous microstructure. Therefore, we conclude
that annealing the Ni film in He, rather than H2 as commonly seen
in graphene CVD literature1, is critical to engineered stress develop-
ment in the Ni in concert with graphene CVD and stresses induced
by grain growth are a significant driving force in whether delamina-
tion and transfer occurs in situ or can be performed by tape delami-
nation after the CVD process.

To understand the kinetics of grain growth and its influence on
stress evolution, systematic rapid thermal annealing experiments
were performed (95% He, 5% H2). Each experiment involved heating
the substrate (1 minute duration), then holding at 875uC for the
specified time, and then cooling. The evolution in the Ni film mor-
phology and microstructure with He/H2 annealing time is shown via
optical and SEM images in Supplementary Fig. 10. The average grain
size (Fig. 5e) increased from the 14 nm to 341 nm after annealing.
There is rapid grain growth at the initial stage and the grain size
approaches around 240 nm in less than 1 minute. After this point,
grain growth is gradual and the grain size saturates (Fig. 5f).

After annealing times up to 3 minutes, the film is extensively
cracked upon cooling, whereas nearly crack-free buckling-induced
delamination is seen after longer annealing times (4–5 minutes).
Cracking occurs due to increased tensile stress arising from thermal
mismatch between the substrate and Ni film during cooling, whereas
buckling and delamination occur when annealing at high temper-
ature leads to high compressive stress and weakened coarse grains.
However, Ni films annealed in H2 do not buckle or readily delami-
nate, although the thermal stress at 875uC is compressive.

Discussion
To construct a clearer picture of the multivariate relationship that
governs stress evolution in Ni, graphene growth, and preferential
adhesion of IGL upon Ni delamination, we consider the contribu-
tions to stress in the Ni film and the origin of adhesion of Ni to the
substrate. The contributions to the net film stress are: (1) stress
arising during deposition of Ni onto SiO2; (2) stress due to the ther-
mal expansion mismatch between Ni and the substrate; (3) stress
induced by He exposure and accumulation during annealing; (4)
stress due annealing-induced grain growth; and (5) stress due to
the presence of carbon atoms within the Ni lattice during the gra-
phene growth step. The compressive stress development due to the
carbon diffusion in the Ni lattice is expected to be negligible (carbon
concentration of 0.18% at 900uC). Here, we focus mainly on residual
(1), thermal (2) and grain growth stresses (3) for energy release rate
estimation. The chemistry and microstructure of the interface gov-
erns the adhesion. While grain growth in concert with He accumula-
tion evolves the microstructure and mechanical properties along
with the roughness at the Ni/SiO2 interface, precipitation of the
IGL significantly changes the adhesion energy, promoting delamina-
tion in concert with the residual stress in the Ni film.

Estimates of the Ni film stress and energy release rate (ERR) versus
time through the process are schematically shown in Fig. 6. The
actual thermal profile (Fig. 6a) during the process was used as an
input to the stress and ERR calculations. To construct this model, the
residual stress of as-grown Ni thin films was measured by cantilever
deflection (Supplementary Fig. 11). The thermal stress was estimated
from the thermal expansion mismatch, and the grain growth stress
development during annealing was estimated based on the average
grain size determined from SEM observations (Supplementary

Fig. 12)27. Initially the as-deposited Ni film relaxes its tensile stress
and develops compressive stress during heating, due to the com-
pressive thermal mismatch stress between Ni and the substrate
(Supplementary Fig. 13). Further annealing induces grain growth
and develops tensile stress in the Ni film. The amount of tensile stress
(approximately 1 GPa) development during grain growth is esti-
mated considering the contractive volume strain associated with
grain boundary reduction (Supplementary Fig. 14). The redistribu-
tion of excess free volume associated with grain boundaries induces
biaxial strain in thin film as the grain boundaries are replaced by large
crystallites with lower free volume during grain growth28.

A balance between compressive thermal stress and tensile grain
growth stress thus determines the net stress in Ni when graphene
growth occurs (Fig. 6b). This net stress value along with film micro-
structure determines whether or not the Ni film remains adherent to
the substrate during the CVD process. If it does not adhere, it locally
buckles and delaminates, whereas if it does adhere, it cracks while
cooling. Therefore, the stress evolution can be controlled by choosing
the annealing duration. Severe cracking of the Ni film results when
sample is cooled after only 2–3 minutes of annealing in He, whereas
in situ delamination is observed while the sample is annealed for 4–5
minutes. A longer annealing time causes growth of larger grains, and
local debonding or delamination at elevated temperature relieves the
stress and prevents cracking upon cooling. Operating the process at
low pressure (,2 Torr), for both He annealing and graphene growth,
slows the kinetics of grain growth and He accumulation, and enables
tape-assisted Ni delamination afterwards. In this case, the film
remains globally adherent through the process at high temperature,
yet local debonding may occur after the interface adhesion weakens.
Cracking is prevented during cooling, and the Ni can be removed as a
continuous film as shown in Fig. 1.

It is known that the segregation of hydrogen reduces the cohesive
strength of grain boundaries and causes intergranular fracture in Ni.
However, hydrogen embrittlement is negligible at high temperatures
(above 0.45 Tm) due to its high diffusivity in metals29. Using positron
annihilation experiments, it has been concluded that micro void
formation during He annealing is more effective than H2 annealing
at high temperature because hydrogen-vacancy complexes are
unstable above 300uC30. In general, the solubility of He in metals is
poor and the incorporated He is prone to precipitate into bubbles at
high temperatures. Formation of such bubbles leads to drastic
changes in the creep and tensile properties causing embrittlement31.
Interestingly, our SEM observations of Ni films after annealing in He
at low pressure (2 Torr) do not reveal any evidence of bubble forma-
tion and accelerated grain growth. This stems from decreased He
incorporation at low pressure and results in considerably slower
microstructural development. In contrast, during the annealing of
the Ni film at atmospheric pressure, the He induced bubble density
decreases while the grain size increases at the initial stages and is
eventually replaced by dense, coarse grain microstructure (Supple-
mentary Fig. 15).

In addition, SEM and TEM imaging of the Ni film annealed in He
shows twin boundaries resulting from grain growth where high-
energy grain boundaries are replaced by lower energy twin bound-
aries (Supplementary Fig. 16). Twin boundaries are observed only
after 3 minutes of annealing, during the final stage of grain growth
proximate to delamination. Because twin boundaries are stronger
and accumulate fewer impurities than random grain boundaries,
susceptibility to embrittlement is reduced by twin boundaries,
increasing the fracture toughness up to 30% in previous work32.

To gain further insight about the preferential adhesion of at least
some of the graphene layers to SiO2 upon delamination of the Ni, we
surveyed literature on the relative adhesion strengths of the constitu-
ent interfaces, e.g., G/Ni, Ni/SiO2, and G/G (where G 5 graphene).

Reported values of G/Ni adhesion range from 0.2–1.5 J/m2 (aver-
aging 0.71 J/m2), determined through quantum DFT and LDA

www.nature.com/scientificreports
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computational techniques33–35. Interpretation of these numbers in
relevance to our study is further complicated by the polycrystallinity
of the Ni. Because the Ni(100) surface is energetically less favorable
compared to the Ni(111) surface, we can estimate the strength of
Ni(100)-graphene adsorption to be approximately 1.6 times that of
Ni(111) by considering the variation in adsorption strength of ben-
zene on Ni36. Similarly, the adhesion of Ni(111) on crystalline
SiO2(0001) is much greater (1.29–1.37 J/m2), and imposes a mis-
match strain of approximately 1%37. G/SiO2 (amorphous) adhesion
was found be 0.45 J/m2, and graphene adhesion to the (0001) surface
of crystalline SiO2 was found to be approximately 0.2 times this
value38,39.

Graphene-graphene adhesion also depends on many factors
including the structure, roughness, and crystallinity of both the gra-
phene and substrate, and as a result widely varying values are
reported. Taken together, experimental and computational evidence

suggests that G/G adhesion (cohesion) is dependent upon the num-
ber of graphene layers, but is generally found to be between 0.1–0.4 J/
m2, averaging ,0.2 J/m2 40,41. Interaction between graphene and the
substrate, e.g., when graphene layers are sandwiched by a metal and/
or dielectric, can lead to electromagnetic contributions to the G/G
adhesion energy35.

Therefore, while an accurate quantitative estimate of relative adhe-
sion strengths is out of reach, ordinal trends suggest that G/Ni adhe-
sion is strongest, with G/SiO2 next, and G/G weakest. We conclude
that the graphene remaining on SiO2 after delamination likely results
from separation of multilayer graphene films at the Ni/SiO2 inter-
face. The existence of multilayer graphene is consistent with the now
well-known precipitation mechanism of graphene growth from Ni.
Moreover, the polydispersity of layer number shown by 2D Raman
spectroscopy suggests that the local contact and delamination con-
ditions determine the number of layers of IGL that remain on SiO2.

Figure 5 | Effect of annealing on the microstructure of Ni film deposited on SiO2 by electron beam evaporation. SEM micrographs of: a) Ni film

(200 nm thick) (inset shows as-deposited film) annealed in He, atmospheric pressure; b) annealed in He, 2 Torr; c) annealed in H2, atmospheric pressure;

d) annealed in H2 gas pressure, 2 Torr. Significant grain growth is observed when Ni film is annealed at atmospheric pressure. e) Distribution of Ni grain

sizes as-deposited, and after 5 minutes in He, at atmospheric pressure. f) Time evolution of average grain size during He annealing, atmospheric pressure.

All annealing experiments were done at 875uC.

www.nature.com/scientificreports
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We now construct a plot of energy release rate (ERR) of the Ni film
versus time, with reference to the ground state adhesion energies
quoted above (Fig. 6c). The continuous variation in stress (sm) is
used to estimate net changes in ERR (G) for the constant Ni film
thickness (hf), elastic modulus (Ef), and Poisson’s ratio (uf) as,

G~
1{u2

f

2Ef
s2

mhf : ð1Þ

Under the assumptions of our analysis, the initial ERR of 1.17 J/m2 is
estimated from the measured residual stress (1.53 GPa) in 200 nm
Ni film. This ERR value is lower than the Ni-SiO2 interfacial energy
and explains the strongly adherent Ni film on SiO2 in the as-depos-
ited state. During heating, the ERR drops rapidly with time as the
tensile residual stress is balanced by the compressive thermal stress
developed during rapid heating to 900uC. Further tensile stress

development decreases the ERR and the net ERR eventually reaches
a steady state value once the grain growth is saturated.

To facilitate in situ delamination of Ni film, the ERR should sur-
pass the G/G interfacial energy (,0.2 J/m2) after graphene forms. To
facilitate tape delamination after cooling, the ERR should remain
below the G/G interfacial energy during the graphene growth step.
In both cases, during the annealing process, the ERR should remain
below the Ni/SiO2 interfacial energy to prevent premature delamina-
tion. Our estimate of a steady-state ERR of ,0.05 J/m2 after grain
growth falls far below the values of Ni/SiO2, Ni/G and G/SiO2 inter-
facial energies indicating that the delamination at these interfaces is
unlikely. The estimated ERR value after the graphene growth stage is
comparable to the G/G interfacial energy and yet lower than G/G
adhesion, verifying that additional mechanical energy (here provided
by the tape-assisted step) is required to fracture the interface after low

Figure 6 | Analysis of Ni film stress during annealing and graphene growth. a) Schematic of temperature-time profile. b) Estimated Ni film stress versus

time, reflecting competition between thermal stress development during heating followed by grain growth induced tensile stress evolution during

annealing. Optical and SEM images of Ni film cracking and delamination observed at different time intervals are shown as insets. c) The corresponding

strain energy release rate as a function of processing time is compared with interfacial energies to identify the energetic criterion for Ni film delamination.

After the initial transient, the ERR remains below the G/G interfacial energy.

www.nature.com/scientificreports
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pressure growth. At the same time, in situ delamination is observed
when the growth is carried out at atmospheric pressure as the grain
growth exerts tractions at the substrate/thin film interface causing
significant local debonding.

Both the ERR and interfacial energies depend on the microstruc-
ture of the Ni film, and on the roughness and crystalline character of
the interfaces which are not precisely known at this time.
Nevertheless, we know annealing Ni in He will promote bubble
formation, coalescence and annihilation along with grain growth,
weakening the interface. The large grains also will undergo signifi-
cant strain localization which promotes delamination42, whereas the
fine grain structure withstands higher stress as its yield strength is far
greater than its microcrystalline counterparts. This is partly
explained by the Hall–Petch type relationship between the film yield
stress and its grain size. Also, the influence of mixed mode interfacial
fracture43 encompassing crack advance at the interface or crack kink-
ing out of the interface on the energy release rate is not considered
here as the tape delaminated samples are nearly crack-free.

Notwithstanding these issues, because the estimated ERR falls
closely below the G-G interfacial energy, we are confident of the
mechanism whereby the G/G interface between SiO2 and Ni is the
weakest interface when multilayer graphene is present. This conclu-
sion is supported by the observation of graphene on both SiO2 and
the bottom of the Ni film after tape delamination (Supplementary
Fig. 17). Our estimates also suggest that a single IGL would preferen-
tially adhere to SiO2 rather than Ni.

We believe that the quality and uniformity of the IGL could be
improved significantly in future work. Engineering of larger grain
sizes in the Ni, and management of the kinetics of carbon dissolution
and precipitation would provide greater control of the graphene
structure and number of layers deposited at the interface. The
demonstrated process window could be also be tuned by the film
thickness, the film-substrate adhesion, and using thermally mis-
matched substrate-film combinations to vary thin film stresses. For
example, we observed in situ delamination of Ni during graphene
growth at low pressure, upon replacing the He flow with a 9555 He/
O2 flow. This adds moisture to the atmosphere by in situ generation
of H2O44. Therefore, moisture intrusion at the graphene and Ni
interface may modify the interfacial adhesion of graphene to SiO2.
As a result, we hypothesize that the moisture levels found at atmo-
spheric conditions may also contribute to the consistent and repeated
in situ delamination of Ni.

In summary, we have demonstrated that graphene grown at a Ni/
SiO2 interface can be directly retained on a clean SiO2 substrate by
mechanical removal of the Ni after graphene growth or by in situ
delamination of the Ni at high temperature. This process eliminates
the need for post-growth transfer of graphene from metal catalyst
films/foils, which are typically lengthy and can result in mechanical
and/or chemical damage to the graphene. Control is enabled by
engineering the Ni film microstructure and process conditions to
balance competition between compressive thermal stress and tensile
grain growth stress. Further understanding and control over inter-
facial graphene growth, and specifically its uniformity and relation-
ship to the metal film grain size, is certainly necessary. With such
understanding, this method could be scaled to manufacturing on
wafer-scale and larger dimensions, either using blanket Ni films, or
pre-patterned Ni shapes to directly template device geometries.

Methods
Thin film preparation. Nickel was deposited on (100) Si wafers with 300 nm thermal
SiO2, using an e-beam evaporator (Cooke SJ-20). The chamber pressure was lowered
to approximately 20 mTorr prior to depositing 200 nm of nickel at 5 Å/s. The wafers
were manually scribed and into chips approximately 1 3 1 cm in size. Patterned
samples were prepared using standard lithographic processes before nickel
deposition, followed by lift-off. The chips with photoresist were placed in a beaker
first with acetone and gently agitated for 4 minutes, and then with 2-propanol for 2
minutes.

Graphene growth. Graphene growth was achieved using a cold-wall CVD system
(modified SabreTube, Absolute Nano LLC). Substrates were placed on an electrically
conductive p-doped Si substrate (Supplementary Fig. 1). The reactor was sealed,
purged, and the flow of annealing gas (400 sccm), which was He (.99.999%) or H2

(.99.999%), was established. Then, the substrate was heated rapidly to 800–900uC
and the annealing step continued for 5 minutes. Next, CH4 (.99.99%) or C2H2

(.99.6%, dissolved in acetone) was used as the carbon source for graphene growth.
The graphene growth duration was typically 10–120 seconds in a mixture of 50 sccm
H2 and 50 sccm CH4 or C2H2. Upon completion of growth, the gas was switched to
200 sccm He and the substrate was rapidly cooled by turning off the heater power. An
example program of temperature and gas flows is shown in Supplementary Fig. 2. As
mentioned in the main text, the entire process was performed at 2 Torr (‘‘low
pressure’’) or atmospheric pressure.

Characterization. Ni films were analyzed by scanning electron microscopy (FEI
Helios Nanolab 650 Dualbeam Focused Ion Beam Workstation and Zeiss Supra55VP
FESEM). Raman spectroscopy was performed using a 532 nm system (WITec
alpha300 R). Optical microscopy was performed on a WITec alpha 300 R system. The
graphene microstructure was characterized by atomic force microscopy (Veeco
Dimension Icon) and transmission electron microscopy (JEOL 2100 and JEOL 2010
FEG-TEM). Plan view and cross sectional TEM specimens were prepared by
conventional polishing followed by Argon ion milling. Alternatively, the graphene
layers were transferred to lacey carbon TEM grids for plan view imaging. The
respective top (before Ni delamination) and interfacial layers of graphene (after Ni
delamination) were removed by scratching, dispersing them in acetone by sonication
followed by drop casting on lacy carbon TEM grids. X-ray photoelectron
spectroscopy was performed using a Physical Electronics Versaprobe II. The
instrument used a scanning X-ray microprobe with a raster-scanned 10 mm diameter
beam and pass energy 187.85 eV. The chamber pressure was 10-9 Torr.
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