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M A T E R I A L S  S C I E N C E

Enhancing strength and ductility via crystalline-amorphous 
nanoarchitectures in TiZr-based alloys
Kaisheng Ming1,2,3†, Zhengwang Zhu4†, Wenqing Zhu5,6, Ben Fang5,6, Bingqiang Wei3,  
Peter K. Liaw7, Xiaoding Wei5,6*, Jian Wang3*, Shijian Zheng1,2*

Crystalline-amorphous composite have the potential to achieve high strength and high ductility through manip-
ulation of their microstructures. Here, we fabricate a TiZr-based alloy with micrometer-size equiaxed grains that 
are made up of three-dimensional bicontinuous crystalline-amorphous nanoarchitectures (3D-BCANs). In situ ten-
sion and compression tests reveal that the BCANs exhibit enhanced ductility and strain hardening capability com-
pared to both amorphous and crystalline phases, which impart ultra-high yield strength (~1.80 GPa), ultimate 
tensile strength (~2.3 GPa), and large uniform ductility (~7.0%) into the TiZr-based alloy. Experiments combined 
with finite element simulations reveal the synergetic deformation mechanisms; i.e., the amorphous phase imposes 
extra strain hardening to crystalline domains while crystalline domains prevent the premature shear localization 
in the amorphous phases. These mechanisms endow our material with an effective strength–ductility–strain 
hardening combination.

INTRODUCTION
Strength and ductility are arguably two important mechanical proper-
ties of structural materials, while they are mutually exclusive in gen-
eral, referred to as the strength-ductility trade-off (1–3). Crystalline 
materials can be strengthened through refining grains and/or intro-
ducing secondary phases, because the interfaces, such as grain 
boundaries (GBs) and phase boundaries, impede the motion of dis-
locations (4–9). However, the ductility is generally reduced owing 
to the sacrifice of the strain hardening capability (10–12). Metallic 
glasses display much higher strength than that of their crystalline 
counterparts but have a very low plastic strain (<2%) before cata-
strophic brittle fracture, due to the shear band softening effect (13–15). 
The metallic glass matrix composites (MGMCs), composed of 
microscale crystalline dendrites distributed in a continuous amor-
phous matrix, can reconcile strength and ductility. However, most 
conventional MGMCs have no strain hardening capabilities under 
tension, and thus, their strength cannot reach that of bulk metallic 
glasses counterparts as a result of soft crystalline phases or shear 
band softening effect in amorphous phases (13).

Unlike crystalline materials, metallic glasses display an increased 
deformability as the characteristic dimension is reduced to nanoscale 
(16–22). Recently, it is demonstrated that the shear banding can be 
effectively prevented in crystalline-amorphous nanolaminates and 
nanograins with metallic glass shells as the size of amorphous phases 
is smaller than 100 nm (19, 20, 23). Therefore, crystalline-amorphous 
composites comprising nano-sized amorphous and crystalline phases 

are expected to achieve high strength and high ductility simultane-
ously. Although crystalline-amorphous nanolaminates exhibit high 
strength and measurable plasticity, as the loading is normal to the 
interface plane, compressive instability, such as bulking, often 
happens, as the loading is parallel to the interface plane (24–29). 
The nanograins enwrapped by nano-sized metallic glass shells lack 
strain hardening and ductility under tension loading due to the 
strain localization along amorphous GBs (AGBs). It should be noted 
that crystalline and/or amorphous phases are separated in the above-
mentioned composites, weakening the interaction between two phases, 
thus leading to the early onset of plastic instability. To enforce the 
interaction between two phases, nano-sized crystalline and amor-
phous phases should form three-dimensional (3D) interconnected 
structures, in which randomly oriented amorphous-crystalline 
interfaces (ACIs) discretize the formation of localized shear 
bands, and the amorphous phase impedes the propagation of dis-
locations and shear bands in the crystalline phase. Moreover, the 
3D-interconnected crystalline and amorphous structure can elimi-
nate the anisotropic plasticity associated with nanolaminates, en-
suring the isotropic plasticity.

Here, we design and synthesize a unique TiZr-based nanoscale 
crystalline-amorphous composites (nano-CACs) by melt spinning 
with extremely high rates of cooling. The TiZr-based nano-CAC 
consists of micro-sized equiaxed grains with nano-width AGBs. Each 
micrograin comprises nano-sized metastable crystalline phases and 
amorphous phases that are arranged in the form of 3D-networked 
nano-bands, which are referred to as 3D bicontinuous crystalline- 
amorphous nanoarchitectures (3D-BCANs). The metastable crys-
talline phase plastically deforms through dislocation slip and 
martensitic phase transformation, while the nano-sized amorphous 
phases exhibit homogeneous flow behavior due to interface con-
straints. Compared with both individual constituent crystalline 
and amorphous phases, an exceptional strength–ductility–strain 
hardening combination is realized due to the co-deformation 
mechanism associated with the 3D-BCANs coupled with trans-
formation-induced plasticity. Our materials with 3D-BCANs also 
exhibit much superior strength and ductility than that of conven-
tional MGMCs. This study offers a strategy for producing strong 
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and ductile crystalline-amorphous composite through 3D nano- 
architecting design.

RESULTS AND DISCUSSION
Bulk Ti47.2Zr35.9Cu5.5Be11.4 [atomic % (at %)] alloys consisting of 
TiZr-rich crystalline phases and CuZr-rich amorphous phases were 
produced by melt spinning, copper mold suction casting, and arc 
melting at the cooling rates decreasing from 106 to 10 K/s, and the 
characteristic sizes of both crystalline and amorphous phases decrease 
with the increase in cooling rate (Fig. 1, A to C, and fig. S1). For the 
ribbon sample prepared by melt spinning with a cooling rate of 

~106 K/s, we obtained TiZr-based nano-CACs with the characteristic 
sizes of both crystalline and amorphous phases less than 50 nm. The 
transmission electron microscopy (TEM) bright-field (BF) micro-
graph in Fig. 1D with the corresponding selected-area electron 
diffraction (SAED) pattern inset, taken from the plane view of the 
ribbon sample (fig. S2A), clearly reveals equiaxed grains with an 
average grain size of 1.5 m, which is identified to be the  phase 
with a body-centered cubic (bcc) structure. Orientation analysis by 
electron backscatter diffraction (EBSD) in fig. S2 (B and C) indicates 
the presence of a weak crystallographic texture. The higher magni-
fication of BF-TEM image in Fig. 1E, with the corresponding SAED 
patterns in Fig. 1 (F and G), shows two grains with different 

Fig. 1. TiZr-based nano-CACs consisting of 3D-BCAN micrograins. Scanning electron microscope (SEM) images of the samples prepared by (A) arc melting, (B) copper 
mold suction casting, and (C) melt spinning, with cooling rates increasing from 10 to 106 K/s. The characteristic dimension of both crystalline and amorphous phases 
decreases with increasing the cooling rate, producing the (A) MGMCs, (B) micro-CACs, and (C) nano-CACs (inside one grain). Both MGMC and micro-CAC samples do not 
contain AGBs, while the nano-CAC sample contains AGBs. Typical 3D-BCANs in nano-CAC sample. (D) A plane-view BF-TEM image with a corresponding SAED pattern 
inset, showing the polycrystalline bcc- phase structure. (E) BF-TEM image of a GB area. (F and G) The corresponding SAED patterns of grains 1 and 2, showing that each 
grain is composed of bicontinuous networked bcc- nano-bands (bright contrast) and amorphous nano-bands (dark contrast). (H) Width distribution of amorphous and 
crystalline nano-bands. (I) 3D microstructures of the BCANs inside a grain highlighted in terms of the Ti and Cu distribution maps from the plane view (XOY) and side view 
(XOZ or YOZ) of nano-CAC sample, showing a nanoscale bcc- phase (red band) and amorphous phase (blue band) arranged in a 3D-networked bicontinuous nanoarchitecture.
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orientations separated by a band-like GB with an average thickness 
of ~15 nm (marked by yellow dashed lines). The band-like GBs are 
identified to be continuous amorphous phases enriched with Cu (fig. 
S3), which separates grain from grain, acting as AGBs. Intriguingly, 
each microscale grain is composed of single-crystal bcc- nano-bands 
(bright contrast) and amorphous nano-bands (dark contrast) with a 
volume fraction of approximately 70 and 30%, respectively, as shown 
in Fig. 1E. The amorphous structure of the GBs and nano-bands 
inside the grain is confirmed by the diffuse diffraction halo in the 
SAED patterns in Fig. 1 (F and G) and the characteristic maze-like 
pattern in high-resolution TEM (HRTEM) images in fig. S3 (B and C). 
Note that there is essentially no contrast difference within  phases, 
suggesting that they are largely dislocation free (Fig. 1E, inset). Figure 1H 
summarizes the average widths of the  nano-bands and amorphous 
nano-bands, which are approximately 36 and 25 nm, respectively. 
The characteristic sizes of the  nano-bands and amorphous nano- 
bands in the samples are much smaller than the sizes of crystalline 
and amorphous phases in traditional MGMCs with the same chemical 
composition prepared with relatively low cooling rates, which are a few 
to tens of micrometers, as demonstrated in Fig. 1 (A to C) and fig. S1.

A cross-sectional TEM image of the nano-CAC sample shows 
the same microstructure as the plane-view image (fig. S4, A to C), 

which demonstrates that the amorphous phase and bcc- phase 
form 3D networks with the nano-bands inside grains, leading to the 
formation of 3D-BCANs. Such a 3D-BCAN is quite different from 
the dendritic structure of traditional MGMCs from a viewpoint of 
spatial arrangement of crystalline and amorphous phases (13). The 
chemical composition analysis shows that the amorphous phase is 
Cu-enriched, while the  phase is Ti-enriched. The Zr element is 
distributed uniformly in both  and amorphous phases (fig. S4, D to H). 
The 3D-BCANs within a grain were highlighted in terms of Ti and 
Cu distribution maps from the plane view and cross-sectional view, 
as presented in Fig. 1I. On the basis of the chemical composition 
analysis, we thus refer to the constituent crystalline  phase and 
amorphous phase in the TiZr-based nano-CACs as TiZr-rich and 
CuZr-rich phases, respectively.

To investigate the mechanical response of the 3D-BCANs, we 
performed in situ scanning electron microscope (SEM) micropillar 
compression testing. Figure 2A shows representative compressive 
stress-strain curves of the single-crystal 3D-BCAN pillars that were 
fabricated from the TiZr-based nano-CAC samples using the focused 
ion beam (FIB), together with the single-crystal TiZr-rich  phase 
pillars and CuZr-rich amorphous pillars fabricated from the TiZr-based 
micro-CAC samples for comparison. The single-crystal 3D-BCAN 

Fig. 2. Exceptional homogeneous deformability associated with strain hardening enabled by 3D-BCANs. (A) True stress-strain curves of the single-crystal 3D-BCAN 
pillars, compared with the single-crystal TiZr-rich  phase pillars and CuZr-rich amorphous pillars. (B1 and B2) Single-crystal 3D-BCAN pillar after compression to 54% 
(with the loading direction close to [011]), showing homogeneous deformation through the formation of numerous nano-spaced shear bands. (C to E) Corresponding 
single-crystal TiZr-rich  phase pillars (with the loading direction close to [011]) and amorphous pillars before and after compression tests, showing the formation of the 
typical plastic instability by the localized slip banding (C and D) and shear banding (E).
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pillar with a diameter of 0.69 m displays a yield strength of 1.2 GPa 
and notable strain hardening, which results in a high flow strength 
exceeding 2.5 GPa and a high uniform compressive strain of >50% 
without onset of the plastic flow instability (Fig. 2A). The surface of 
the single-crystal 3D-BCAN pillar after deformation shows a high 
density of intersected nano-spaced shear bands (see Fig. 2, B1 and B2). 
Real-time imaging of the pillar deformation process demonstrates 
that the formation and propagation of multiple shear bands con-
tribute to the large uniform plastic deformation. It must be pointed 
out that the mechanical response of single-crystal 3D-BCAN pillars 
shows slight orientation dependence, as demonstrated in fig. S5. In 
comparison, the single-crystal TiZr-rich  phase pillars and CuZr-rich 
amorphous pillars display comparable yield strengths but quick strain 
softening due to the onset of localized slip banding (Fig. 2, C and D) 
or shear banding (Fig. 2E). Nanoindentation results indicate that 
the elastic modulus and hardness of the 3D-BCANs falls in between 
those of the amorphous phase and  phase (fig. S6). The 3D-BCANs 
exhibit the superior homogeneous deformability associated with 
exceptional strain hardening. Therefore, the single-crystal 3D-BCAN 
pillars have much higher flow strengths and uniform strains. In ad-
dition, plastic deformation behavior of the single-crystal 3D-BCANs 
is also quite different from other single crystals, nanocrystalline 
metals, or amorphous micro/nano-pillars, where the intermittent dis-
crete strain bursts appear in the stress-strain curves under uniaxial 

compression caused by the shear instability owing to the lack of 
strain hardening (30). Therefore, we speculated that the current 
unique structure of 3D-BCANs promotes the strain delocalization 
through enhancing the plastic deformation compatibility between the 
nanoscale  and amorphous phases (referred to as the 3D nano-sized 
synergistic effect). In what follows, we further validate our hypothesis 
through characterizing deformation mechanisms.

We performed TEM characterizations on the deformed 3D-BCAN 
pillars fabricated by FIB. The BF-TEM image of a single-crystal 
3D-BCAN pillar after compression to 54% shows a flat barrel shape 
without any large shear plane/offset (Fig. 3A), further confirming 
the uniform plastic deformation. Such a large uniform strain is 
accommodated by the extensive nanoscale shear bands and disloca-
tion accumulation. The enlarged TEM image in Fig. 3B corresponds 
to the shear band intersection region of the deformed pillar (marked 
by red circles in Figs. 2B1 and 3A), showing that the unstable prop-
agation of shear bands can be blocked by shear band interactions 
(shear banding self-locking). The formation and propagation of ex-
tensive nanoscale shear bands contribute to the large plasticity, and 
the subsequent shear band self-locking prevents the onset of shear 
banding instability, resulting in a homogeneous plastic deformation. 
The obvious contrast difference between deformed and nondeformed 
regions in Fig. 3B demonstrates the significant dislocation accumu-
lations in the deformed pillar, which contributes greatly to high 

Fig. 3. Deformation mechanism of the single-crystal 3D-BCAN pillar. (A) Cross-sectional BF-TEM image of the deformed pillar (compressive strain of 54%) fabricated 
by FIB milling, with the corresponding SAED pattern inset. (B) An enlarged BF-TEM image of the intersection region of shear bands, showing the apparent boundary between 
deformed and nondeformed regions. (C) Corresponding TEM–energy dispersive spectroscopy mapping of Ti and Cu elements, presenting no apparent mixing between 
Ti and Cu elements after compression. (D) Corresponding HRTEM image of a deformed area around ACI showing the coexistence of three types of phases: bcc- phase, 
hcp- phase, and amorphous phase. (E and F) FFT images of the bcc- phase and hcp- phase, oriented in the    [  1 

_
 1 1 ]     and    [  11 

_
 2 0 ]     zone axes, respectively.
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strain hardening. Shear bands are not observed in amorphous phases, 
indicating the uniform deformation in amorphous nano-bands. The 
corresponding Ti and Cu elemental mapping of the intersection 
region of shear bands shows that the nano-architecture of the crystal-
line phase and amorphous phase remains unchanged, and there is 
no apparent mixing between Ti and Cu elements after compression 
(Fig. 3C). This trend indicates that the nanoscale crystalline phase 
and amorphous phase exhibit exceptional plastic deformation com-
patibility. In contrast to the explosive martensitic phase transforma-
tion from the bcc- phase to  phase with the hexagonal close-packed 
(hcp) phase in MGMCs (fig. S7), the deformation mechanism of the 
nano-sized bcc- phase in nano-CAC is primarily dominated by 
dislocation motions. As illustrated by the SAED pattern of the de-
formed pillar inserted in Fig. 3A, the main phase in the deformed 
area is still the bcc- phase, indicating that the 3D-BCANs make the 
martensitic phase transformation difficult. However, phase trans-
formation (bcc- → hcp-) could occur scatteredly along ACIs owing 
to the large stress concentration, as shown in the HRTEM image in 
Fig. 3D. The corresponding fast Fourier transform (FFT) patterns 
of the bcc- phase (Fig. 3E) and hcp- phase (Fig. 3F) demonstrate 
the classic Burgers orientation relationship:   [ 

_
 1 11]    ‖ [11 

_
 2 0]      and 

  (01 
_

 1 )    ‖ (0001)     . The HRTEM image in Fig. 3D also shows that some 
regions (with dark contrast) in both bcc- and hcp- phases become 
blurred, indicating the deformation-induced severe lattice distortion 
due to dislocation accumulation. Such scattered phase transforma-
tion can relieve the stress concentration at ACIs and thus suppress 

the plastic flow instability and enable the high strain hardening 
associated with dislocation accumulations.

To understand the micro-mechanisms of the enhanced uniform 
strain and strain hardening capacity of 3D-BCANs, we simulated 
the compression response of the nano-CAC model via the finite 
element method using the crystal plasticity theory for crystalline 
phase and visco-plasticity theory for metallic glasses (31–33). The 
stress-strain curve (Fig. 4A) reproduces the high strength and strain 
hardening behavior of 3D-BCANs. The micro-mechanisms are 
unraveled. As shown in Fig. 4B, the dislocation-mediated plasticity 
is activated first in the crystalline domain at a compressive strain of 
5%. This is in good agreement with the TEM characterizations on 
the 5%-strained 3D-BCAN pillar, as presented in Fig. 4C, where the 
crystalline domains contain numerous dislocations, demonstrating 
the occurrence of severe plastic deformation by the motion of dislo-
cations. Then, as strain increases from 10 to 20%, embryos of shear 
bands start to nucleate in the amorphous regions but are interrupted 
by the crystalline domains, thus suppressing or delaying formation 
of mature shear bands (Fig. 4B). Meanwhile, the plastic deformation 
accumulates in crystalline domains, and the nano-CAC model con-
tinuously hardens up to a strain of 20% until multiple yet isolated 
slip bands emerge (evidenced by the severely concentrated plastic 
strain in Fig. 4B) at larger compressive strains. These randomly 
distributed severe strain concentrations around the ACIs can be 
effectively alleviated by the aforementioned scattered phase trans-
formation observed by TEM as shown in Fig 3D.

Fig. 4. Continuum modeling results for nano-CAC under compression. (A) Simulated stress-strain curve for the nano-CAC model. (B) Snapshots highlight the evolu-
tion of the equivalent plastic strain during compression at the strains of 5, 10, 15, and 20%. As the strain increases, plastic deformation first occurs in crystalline domains, 
followed by formation of embryos of shear bands in amorphous regions. (C) TEM image demonstrates the severe plastic deformation in the crystalline domains (high-
lighted by the excessive dislocation accumulations) at 5% compressive strain.
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In addition to the enhanced plasticity and strain hardening capacity 
of 3D-BCANs under compression, the TiZr-based nano-CACs con-
sisting of 3D-BCANs and AGBs exhibit an exceptional strength–
ductility–strain hardening combination under tension, as compared 
with other micro-CACs in Fig. 5. Figure 5A shows representative 
tensile stress-strain curves of flat dog bone–shaped samples with 
a width of 2.0 to 4.5 m and a thickness of 2.0 to 3.5 m. The 
nano-CACs display a high yield strength of 1.80 ± 0.1 GPa, an ulti-
mate tensile strength of 2.30 ± 0.1 GPa, and a good uniform tensile 
strain of 7.0 ± 1.0%, superior to micro-sized dendrite-reinforced 
TiZr- and CuZr-based micro-CACs (34–43), as illustrated in Fig. 5B.  
The nano-CACs exhibit an apparent strain hardening after yielding. 
At the homogeneous deformation stage, the stress-stain curve is 
relatively smooth, while after the uniform straining (>7.0%), several 
strain bursts and stress drops periodically appear on the stress-strain 
curve (Fig. 5A). Figure 5C shows a typical dog bone–shaped tensile 
sample before the in situ SEM tensile tests. After tension deforma-
tion, as presented in Fig. 5 (D to F), multiple shear bands are ob-
served on the surface of the sample. The uniform plastic deformation 
corresponds to the formation and propagation of multiple shear 
bands and their interactions (Fig. 5, D and E), while the plastic 
instability (necking or shear banding) is attributed to the unstable 
propagation of shear bands (Fig. 5F), which leads to the strain bursts 

and stress drops on stress-strain curves. Similar to the micro-mechanisms 
in the compression test, the plastic deformations in crystalline and 
amorphous phases are compatible in nano-CACs under tension, 
thus effectively delaying the global shear localization. Correspond-
ingly, the nano-CAC materials exhibit much improved ductility 
than the micro-CAC materials. Last, the slip bands in the crystalline 
phase and shear bands in the amorphous phase connect and form a 
main shear band, agreeing well with the experimental observations.

Compared with conventional micro-CACs with the debilitated 
deformation compatibility between microscale amorphous matrix 
and noncontinuous dendrites, the 3D-BCAN nano-architecting 
structure, accompanied by significant dislocation accumulations 
and discrete phase transformation in crystalline phases and homo-
geneous deformation in amorphous phases, can take full advantage 
of strong nanoscale amorphous phases and ductile crystalline phases, 
thus promoting 3D nano-sized synergistic effects. The strong 3D 
nano-architectured continuous amorphous nano-bands contribute 
to high strength. ACIs act as sources and barriers for dislocations, 
accommodating plastic deformation in crystalline phases and leading 
strain hardening due to significant dislocation accumulation inside 
continuous crystalline nano-bands. The local phase transformation 
(bcc- → hcp-) and dislocation annihilation at ACIs could effec-
tively relieve stress-strain concentrations, avoiding cracking. A high 

Fig. 5. Tensile behaviors of the TiZr-based nano-CACs consisting of 3D-BCAN micrograins. (A) Tensile stress-strain curves of the rectangular samples; (B) tensile 
properties of our TiZr-based nano-CACs, compared with conventional high-strength micro-CACs, showing an exceptional combination of strength and ductility in the 
current nano-CACs. (C) Typical dog bone–shaped tensile nano-CAC sample fabricated by FIB. (D to F) SEM images of the deformed nano-CAC samples with width × thickness 
values of 4.5 m × 3.5 m, 2.0 m × 2.0 m, and 3.7 m × 3.2 m, respectively. The nano-CAC samples exhibit homogeneous deformation through the propagation of 
multiple shear bands, accompanied by excellent strain hardening up to the true strain of ~7%.
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density of ACIs associated with the 3D-BCAN nano-architecture 
helps facilitate multiple shear bands and phase transformation 
scatteredly. As a result, the homogeneous flow behavior of the 
nanoscale amorphous phase, scattered phase transformation, and 
pronounced dislocation activities inside a 3D nano-architectured 
crystalline phase result in homogeneous, isotropic plastic deforma-
tion of the current TiZr-based nano-CACs.

Last, to apply the strategy of 3D-BCANs in designing large-scale 
bulk materials, it is necessary to investigate the AGB effects on the 
mechanical behaviors of polycrystalline nano-CACs. The AGBs can 
restrain the plastic deformation among micro-sized nano-architectured 
grains and impede the unstable propagation of shear bands, which 
further increase the strength and strain hardening of nano-CACs 
but reduce the deformation compatibility across AGBs and thus de-
crease the ductility. Compared with single-crystal 3D-BCAN pillars 
(Fig. 2A), polycrystalline TiZr-based nano-CAC pillars composed 
of 3D-BCANs and AGBs exhibit a higher yield strength but a smaller 
uniform strain, as demonstrated in Fig. 6. For example, the com-
pressive yield strength increases from 1.2 to ~1.8 GPa, but the uni-
form compressive strain decreases from 20 to ~8.5% when the pillar 
diameter increases from 0.65 to 5.5 m (Figs. 2A and 6A). As exhib-
ited in Fig. 6 (B1, B2, and C1 to C3), we could see a large number of 
nano-spaced, intersected shear bands on the surface of the deformed 
polycrystalline pillars. AGBs act as barriers to the transmission of 
shear bands from one grain to the adjacent grain (Fig. 6, B1 and C3), 
postponing or preventing the plastic instability associated with the 
unstable shear banding. The formation of multiple shear bands and 
their interactions contribute to the uniform compressive strains 

and apparent strain hardening. After a compressive strain of 20% for 
the 2.5-m-diameter polycrystalline pillar (Fig. 6B1) and 8.5% for the 
5.5-m-diameter polycrystalline pillar (Fig. 6C1), plastic instability 
occurs, associated with shear banding across AGBs, i.e., the stress-
strain curve is populated with intermittent discrete strain bursts 
(Fig. 6A). Further enhancement of the strength–ductility–strain 
hardening combination in nano-CACs can be achieved through 
tailoring the size of 3D nano-architectured grains, which has been 
generally accepted as grain-size effects in polycrystalline materials. 
In addition, we believe that the strategy of overcoming the strength- 
ductility trade-off with a 3D nano-architecture design could be 
applied extensively in composites containing different phases 
and/or structures.

In summary, the TiZr-based nano-CACs with a high yield strength 
of ~1.80 GPa, an ultimate tensile strength of ~2.30 GPa, and a uni-
form ductility of ~7.0% can be obtained by combining the metastable 
bcc- phase and amorphous phase arranged in the 3D-networked 
bicontinuous nano-architectures. Such exceptional strength–ductility–
strain hardening combination in nano-CACs originates from the 
3D nano-architectures coupled with the transformation-induced 
plasticity. The metastable  phase plastically deforms through dislo-
cation slip and phase transformation, while the nano-sized amorphous 
phase exhibits the homogeneous flow behavior due to interface 
constraints. The high density of ACIs associated with the 3D nano- 
architectures acts as a source and barrier for dislocations and phase 
transformation in crystalline phases and promotes the scattered ac-
tivation of multiple shear bands, resulting in homogeneous plastic 
deformation and high strain hardening of nano-CACs. The present 

Fig. 6. Compressive behaviors of the polycrystalline TiZr-based nano-CACs consisting of 3D-BCAN micrograins and AGBs. (A) Compressive stress-strain curves for 
polycrystalline pillars with different diameters, showing the significant contribution of AGBs to mechanical properties. “D” indicates the diameter of the pillar. SEM images 
of the surface of the (B1 and B2) 1.2-m-diameter polycrystalline pillar and (C1 to C3) 5.5-m-diameter polycrystalline pillar after compression tests, showing multiple 
nano-spaced shear bands and their interactions with AGBs.
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work demonstrated the enhancement of strength, ductility, and strain 
hardening capabilities of composites through a nano-structured 
architecture.

MATERIALS AND METHODS
Sample preparation
The ingots with a nominal composition of Ti47.2Zr35.9Cu5.5Be11.4 (at %) 
were first fabricated by conventional arc melting with high-purity 
elements (>99.95 at %) under a Ti-gettered argon atmosphere. The 
ingots were remelted at least five times to ensure chemical homogeneity. 
Then, the ingots were put inside the quartz tube with a 1-mm-diameter 
nozzle and were remelted in the induction coil and injected onto the 
surface of rotating copper roller to form a ribbon under a pressure 
of 0.01 to 0.05 MPa of high-purity argon. Last, the nano-CAC ribbon 
samples with a thickness of about 50 m and a width of ~3 mm were 
prepared. The circumferential velocity was about 17 m/s for all the 
samples. The cooling rate was estimated to be 106 K/s. The quenching 
temperature was set to ~1723 K monitored by the infrared thermo-
scope. The temperature fluctuation was estimated to be ±10 K. More 
details about the single roller melt spinning method can be seen in 
our previous work (44). In addition, the bulk micro-CACs with the 
same chemical composition were prepared by copper mold suction 
casting with a relatively low cooling rate. The copper mold suction 
casting is a traditional material preparation method to fabricate MG 
and MGMCs. The detailed preparation process can be seen in our 
previous work (45). The macroscopic view of the samples with the 
same chemical composition prepared by melt spinning, copper mold 
suction casting, and arc melting can be seen in fig. S8 (A to C).

TEM characterizations and in situ SEM micro-pillar 
compression/tension testing
The microstructures of the samples were analyzed, using TEM 
(A FEI Tecnai G2 F20) coupled with energy dispersive spectroscopy 
and EBSD. Mechanical behavior of samples was measured, using 
in situ micro-tension/compression tests in a SEM at room tempera-
ture. The micropillars with diameters of 0.6 to 5.5 m were fabricated 
from nano-CAC and micro-CAC samples with an FIB. The height- 
to-diameter ratio of each pillar was around 2 to 3. Flat dog bone–
shaped tensile specimens with a width of 2.0 to 4.5 m and a 
thickness of 2.0 to 3.6 m were machined from the nano-CAC sample 
by FIB. To reduce the potential damage and contamination of the 
sample during FIB milling, the standard conditions for milling were 
used, such as 30 kV for the ion beam and decreasing currents for the 
different milling steps, 200, 100, and 50 pA, followed by finishing 
steps with 10 pA as the diameter of the pillars becomes smaller; 
0.6-m-diameter pillars were milled at 5 kV with similar currents 
for the milling and finishing. For all samples, the taper is no more 
than 5°. In situ SEM micromechanical testing was performed, using 
a PI85 PicoIndenter (from Hysitron) with a flat punch diamond tip 
under a displacement control mode at a loading rate of 5×10−3 s−1. 
The representative in situ deformation movies can be seen in the 
Supplementary Materials (movies S1 and S2). Nanoindentation was 
conducted to evaluate Young’s modulus, using a Hysitron TI950 
nanoindenter with a diamond Berkovich tip. The Young’s modulus 
of the current samples is summarized in fig. S6, which is used to 
correct the stress-strain curves. The different samples and corre-
sponding mechanical properties are listed in table S1. Deformation 
mechanisms were further characterized on deformed pillars, using 

TEM. Specimens for TEM observations were prepared by using 
the FIB lift-out technique or grinding and polishing, followed by 
low-energy (3.5 keV) ion milling.

Continuum mechanics theory and finite element modeling
The 2D nano-CAC model (200 nm × 400 nm; fig. S8) containing the 
bicontinuous crystalline/amorphous nano-architectures was con-
structed by digitalizing a representative TEM photograph. The 
longitudinal direction was set to be [011] of the crystalline phase, 
which was also the loading direction for compression and tensile 
tests. Both models were meshed with 2 nm × 2 nm 2D quadrilateral 
elements (CPS4). A constant strain rate of 1 × 10−3/s was used in 
all simulations.

The mechanical behavior of the crystalline phase is modeled by 
adopting the elastic-plastic constitutive formulations for single 
crystals that have been implemented by Huang through a user- 
defined material subroutine for ABAQUS (32). Here, we give a brief 
summary of the constitutive formulations. Under small deformation 
assumption, the total strain rate    ̇    is decomposed into the elastic 
and plastic parts

    ̇   =    ̇     e  +    ̇     p   (1)

in which the elastic strain rate     ̇     e   is related to the stress rate through 
the anisotropic linear elastic constitutive law

    ̇   = C :    ̇     e   (2)

On the basis of our nanoindentation results and referring to a 
previous study, the elastic constants (C11 = 159.2 GPa, C12 = 121.4 GPa, 
and C44 = 65.4 GPa) were used for  phase crystals.

The plastic strain rate     ̇     p   reads (46)

     ̇     p  =  ∑ 

  

N
       ̇         ( s     ⊗  m     +  m     ⊗  s    )  ─────────── 2    (3)

The vectors m and n are the unit vectors for the slip direction 
and normal to the slip plane of the slip system ,     ̇        is the shear rate 
for that system, and N is the number of the active slip system (here, 
N = 24 includes 12 〈111〉{110} systems and 12 〈111〉{112} systems; 
note that the 〈111〉{123} family were not considered as they are 
active mainly at high temperatures for BCC crystals). The following 
phenomenological kinetic law is used (47)

     ̇       =    ̇    0    ∣      
  ─ 

  c  
 
  ∣   

  1 _ m 
  sign(     )  (4)

where  is the resolved shear stress for slip system ,    c  
  = 0.6  GPa 

is the slip resistance estimated from the uniaxial compression tests 
on the crystals,     ̇    0    is the reference strain rate, and m is the rate sen-
sitivity. In this study, we took     ̇    0   = 1 ×  10   −3  /s and m= 10 (32). The 
strain hardening due to dislocation replication and interactions is 
characterized by

     ̇   c    =   ∑ 
=1

  
N

     h    ∣   ̇      ∣  (5)

where h are the slip hardening moduli. Here, we used very small 
hardening moduli (h = 1 × 10−6 GPa) to simulate an ideal elastic 
plastic behavior of the crystals.
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The visco plasticity of the amorphous phase is modeled by the 
recently developed chemo-mechanical constitutive formulations for 
metallic glasses (31). For the detailed mathematical formulas, finite 
element implementation, and verification, the readers can refer to 
(31). The total strain rate of the amorphous phase is also decomposed 
into the elastic part and the plastic part

    ̇   =    ̇     e  +    ̇     p   (6)

in which     ̇     e   for the amorphous phase is related to the stress rate 
through an isotropic linear elastic constitutive law that consists of 
two elastic constants—Young’s modulus E = 127.1 GPa and Poisson’s 
ratio v = 0.3 estimated from our nanoindentation results. The plas-
ticity of the amorphous phase was attributed to the evolution of the 
microstructural heterogeneity, which was characterized by the free 
volume ratio  = 1 − *c (* ~ 1 × 10−29 m3 is the atomic volume 
and c is the atomic concentration). At the beginning, a random  
with an average of 0.01 was assigned to the nodes of the amorphous 
domains. The evolution of the free volume ratio distribution is 
fulfilled through the atomic flux driven by the chemical potential 
gradient, i.e., j = − Dc/kBT∇ [D ~ 3 × 10−20 m2/s is the diffusion 
coefficient (48),  is the chemical potential, kB is the Boltzmann 
constant, and T is the absolute temperature]. For the mathematical 
form of the chemical potential , the readers are referred to (31). 
Then, the plastic strain rate for the amorphous phase reads

     ̇    p   =     *   √ 
_

  (∇ j) ′   :  (∇ j) ′      N  p   +   J ̇    c   I / 3  (7)

in which   N  p   =   ′   /  √ 
_

   ′   :   ′      is the flow direction, ′ is the deviatoric 
part of the stress tensor, and    J ̇    c   = −     *  ∇ ⋅ j  is the dilatation rate. 
The chemo-mechanical model has been implemented in ABAQUS 
through a user-defined element subroutine.

SUPPLEMENTARY MATERIALS
Supplementary material for this article is available at https://science.org/doi/10.1126/
sciadv.abm2884
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